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Semiconductor nanowires (NWs) offer versatile possibilities among future electronic 
and photonic devices. This thesis contains a review of several NW growth methods and 
the properties of the NWs. The purpose of the practical part of this thesis is to present 
growth of self-catalyzed GaAs NWs on lithography-free oxide patterns with a strong 
emphasis on droplet epitaxy and analysis of the structural and optical properties of the 
NWs. Furthermore, growth of GaAs/AlGaAs/GaAs core-shell heterostructure NWs is 
presented along with a study of their photonic properties. 
In terms of the epitaxial growth, focus is on the GaAs droplet epitaxy which is the initial 
step of the NW growth on lithography-free oxide patterns. Various different growth 
parameters and two different molecular beam epitaxy reactors were used in order to 
investigate their influence on the GaAs nanocrystal density and morphology. Uninten-
tional Sb exposure was found to cause Si(111) surface roughening and repeatability 
problems in terms of the GaAs nanocrystal density. 
High-resolution x-ray diffractometry was used to obtain reciprocal space maps of the 
self-catalyzed GaAs NWs grown on lithography-free oxide patterns formed by droplet 
epitaxy. Together with the micro-photoluminescence spectroscopy results they showed 
that the NWs consist mainly of ZB GaAs except for the WZ segments formed during 
the crystallization of the Ga catalyst droplets. The micro-photoluminescence also 
showed impurity related emission possibly due to substrate originated Si atoms.  
Room temperature photoluminescence spectroscopy of the core-shell NWs showed the 
necessity of AlGaAs passivation as it increased the PL intensity from the NWs several 
orders of magnitude. Furthermore, thicknesses of the AlGaAs passivation shell and the 
GaAs cap protecting it from oxidizing were found to have a significant effect on sample 
aging. Micro-photoluminescence measurements conducted on a single 
GaAs/AlGaAs/GaAs core-shell NW showed longitudinal Fabry-Pérot modes. However, 
thicker NWs are required in order to obtain lasing.  
A broad understanding was obtained concerning the characteristics of the NWs grown 
via self-catalyzed method on lithography-free oxide patterns. Simultaneously important 
experience was accumulated on the possibilities of the NW characterization methods at 
Optoelectronics Research Centre. 
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Puolijohdenanolangat tarjoavat monipuolisia mahdollisuuksia elektroniikan ja fotonii-
kan kehityksessä. Tässä työssä esitellään useita nanolankojen valmistusmenetelmiä. 
Myös nanolankojen optisiin ominaisuuksiin perehdytään. Tämän työn tarkoituksena on 
kasvattaa epitaksiaalisia Ga-katalysoituja GaAs nanolankoja piisubstraatille ilman lito-
grafiaa valmistettuihin piioksidikuvioihin molekyylisuihkuepitaksialla. Erityisesti pisa-
raepitaksiaa on kasvatusvaiheena painotettu nanolankojen kasvatusalustojen riittävyy-
den varmistamiseksi. Nanolankojen tutkimus painottuu niiden rakenteellisten ja optisten 
ominaisuuksien karakterisointiin. Myös GaAs/AlGaAs/GaAs kuoriheteroraken-
nenanolankojen fotonisia ominaisuuksia on tutkittu. 
Pisaraepitaksialla kasvatettujen GaAs nanokristallien tiheyttä ja muotoa tutkittiin käyt-
tämällä kasvatuksissa useita eri kasvatusparametreja sekä kahta molekyylisuihkuepitak-
siareaktoria. Tahattoman antimonialtistuksen todettiin aiheuttava Si(111)-pinnan kar-
hentumista sekä toistettavuusongelmia nanokristallien tiheydessä. 
Ga-katalysoitujen, ilman litografiaa valmistettuihin oksidikuvioihin kasvatettujen GaAs 
nanolankojen rakenteellisia ominaisuuksia tutkittiin käänteishilakartoilla, jotka mitattiin 
käyttäen korkean erotuskyvyn röntgendiffraktiota. Yhdessä mikrofotoluminesenssimit-
tausten kanssa käänteishilakartat näyttivät nanolankojen koostuvan sinkkivälkeraken-
teesta lukuun ottamatta katalyyttipisaroiden kiteytyksessä syntynyttä wurtsiittirakennet-
ta sisältävää kärkeään. Mikrofotoluminesenssimittauksissa havaittiin myös epäpuh-
tausemissio, joka mahdollisesti aiheutuu alustakiteestä peräisin olevasta Si epäpuhtau-
desta. 
Nanolankojen AlGaAs pintatilapassivoinnin hyödyllisyys osoitettiin kuoriheteroraken-
nenanolankojen huoneen lämpötilan fotoluminesenssimittauksilla. AlGaAs-
passivointikuoren ja sen oksidoitumista estävän GaAs-kuoren havaittiin vaikuttavan 
näytteiden ikääntymiseen huomattavasti. Lisäksi yksittäiseen kuoriheteroraken-
nenanolankaan saatiin luotua Fabry-Pérot moodeja matalan lämpötilan mikrofotolumi-
nesenssimittauksissa. Laserointikynnyksen saavuttamiseksi tarvittaisiin kuitenkin pak-
sumpia nanolankoja.  
Ilman litografiaa valmistettuihin oksidikuvioihin kasvatettujen Ga-katalysoitujen nano-
lankojen rakenteellisista ja optisista ominaisuuksista saatiin työssä selkeä kuva. Saman-
aikaisesti saatiin tärkeää ja laajaa kokemusta nanolangoille sopivista karakterisointime-
netelmistä Optoelektroniikan tutkimuskeskuksessa.  
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1. INTRODUCTION 
III-V semiconductor materials are widely utilized in the field of optoelectronics and 
photonics. They are used to manufacture high quality lasers, LEDs and solar cells, be-
cause they offer a possibility to tune the wavelength ranges of these devices by adjust-
ing material compositions. These applications require excellent crystalline quality, 
which is obtained via epitaxial material growth where the overgrown material copies the 
crystalline structure of the substrate. Molecular beam epitaxy (MBE) is a technique, 
which enables the growth of the III-V materials with highest possible material and crys-
talline phase purity and enables tuning the elemental compositions and layer thicknesses 
with monolayer (ML) precision. 
Complementary metal oxide semiconductors (CMOS) which are used in microchips and 
typical solar cells are based on silicon. Both of these components would benefit from 
integration of III-V semiconductors as electrically pumped emitters could be integrated 
on Si microchips for inter-chip communication [1; 2] and two-junction solar cells with 
extremely high conversion efficiency could be obtained by growing NWs on top of Si 
solar cell  [3]. Si has also better heat transfer properties compared to typical III-V semi-
conductors, which could be utilized by integrating III-V devices on Si substrates. How-
ever, there is a lattice and thermal mismatch between silicon and the most typical III-V 
semiconductors, such as gallium arsenide (GaAs). This has been a major obstacle in 
direct integration of the III-V materials on Si. Nanowires (NW), which have diameters 
ranging from tens to few hundred nanometers, overcome this issue by relaxing the strain 
induced by the lattice mismatch in the first atomic layers of the structure. Several func-
tioning NW devices have already been demonstrated: lasers [1; 2; 4], solar cells [5; 91] 
and LEDs [6; 7].  
In this thesis, the NWs are first presented in a literature review of the NW fabrication 
techniques and methods. Also their structural and optical properties are presented. The 
emphasis is on MBE and III-V materials, especially GaAs. The primary objective of this 
thesis was to grow GaAs NWs on lithography-free patterns in silicon oxide layer [8] 
and characterize their structural and optical properties. Regarding epitaxial growth, a 
strong emphasis was put on droplet epitaxy, the first step of the NW growth on lithog-
raphy-free oxide patterns. It is an important step of the growth process as it produces the 
templates used for the NW growth. Considering the NWs, the focus of this work is on 
their characterization. Their structural properties are studied via high-resolution X-ray 
diffractometry (HR-XRD) of bare GaAs NWs which are also used in optical characteri-
zation conducted as low temperature micro-photoluminescence spectroscopy (µ-PL) 
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measurements. Photonic properties of the GaAs/AlGaAs/GaAs core-shell NWs are also 
studied via µ-PL in order to obtain lasing. 
This thesis consists of five chapters. In Chapter 2, the basics of III-V semiconductors 
and epitaxial growth are presented followed by a review of NW fabrication techniques, 
growth methods and the effect of substrate surface on the NW growth. Also the NW 
heterostructures and their optical properties are presented. The next chapter presents the 
methods used in this work. First, the droplet epitaxy procedure and the growth of bare 
and core-shell NWs are presented. The MBE section is followed by introduction to the 
characterization methods, atomic force microscopy (AFM), scanning electron micros-
copy (SEM), HR-XRD and photoluminescence spectroscopy. Chapter 4 presents the 
results of this work and their interpretation. In the last chapter the conclusions based on 
the results and future prospects of NW research at Optoelectronics Research Centre 
(ORC) are discussed. 
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2. III-V SEMICONDUCTOR NANOWIRES 
The first sub-chapter of this chapter presents the general properties of III-V semicon-
ductors with a motivation for NW growth. In the second sub-chapter techniques for NW 
fabrication are presented and in the third their growth modes. The fourth sub-chapter 
focuses on the substrate surface properties affecting NW growth. The fifth sub-chapter 
describes NW heterostructures and their growth. The last sub-chapter presents the opti-
cal properties of NWs. All chapters are written emphasis on III-V NWs even though 
some of the growth techniques and modes are also applicable on group-IV semiconduc-
tor or metal oxide NWs. 
2.1 III-V semiconductors and epitaxial growth 
III-V semiconductors are compound semiconductors containing equal amounts of group 
III and group V elements. They have excellent electrical and optical properties. Hence, 
they have many applications which often require good crystalline quality obtained by 
epitaxial fabrication techniques. This sub-chapter presents the basics of the crystalline 
structure and the band structure, which determines the electrical and optical properties 
of materials. Also the concept of epitaxial growth of III-V semiconductors is intro-
duced. 
2.1.1 Crystal structure and defects 
All semiconductors and metals have a regular crystalline structure when they are in sol-
id state. A unit cell is the basis of the crystalline structure and by repeating numerous 
unit cells the crystalline structure is formed for a single-crystalline material. Unit cells 
have atoms at least at their corners which is the case for simple cubic structures like 
NaCl. Hence, the size of the unit cell, called lattice constant describes the distance be-
tween consecutive atom layers. For some structures there are more than just two atomic 
layers in one unit cell. Two examples of typical unit cells are presented in Figure 1. [9] 
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Figure 1. Diamond cubic a) and hexagonal close packed (HCP) b) unit cells presented 
with added lattice constants a and c. [9] 
In compound semiconductors the value of the lattice constant obeys Vegard’s law origi-
nally presented in [10]. Vegard’s law is a linear equation of the elemental composition. 
For example the Vegard’s law for AlxGa1-xAs, widely used III-V semiconductor, is 
𝑎 = 5.6533 + 0.0078 ∙ 𝑥 Å ,        (1) 
where a is the lattice constant and x is the fraction of aluminum in the material. [11] 
Silicon and other elemental semiconductors have cubic diamond crystalline structure 
presented in Figure 1, whereas III-V semiconductors (disregarding III-nitrogen com-
pounds such as GaN) have typically cubic zinc blende (ZB) structure. ZB structure is 
similar to diamond cubic but every atom is bonded to four atoms of the opposite type. 
[11] In (111) direction, which is the growth direction of NWs, the ZB structure may be 
presented as a sequence of three identical atomic bilayers named A, B and C. These 
bilayers are separated by their location in relation to other layers. In ZB these layers are 
ordered so that each layer is surrounded by two different layers, for instance ABCABC. 
However, when III-V semiconductors form NWs also hexagonal wurtzite (WZ) crystal-
line structure may exist. WZ structure is formed from similar bilayers as ZB structure 
but only two layers alternate, for instance ABABAB. [12] Both of these structures are 
presented in Figure 2.  
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Figure 2. Zinc blende a) and wurtzite b) structures are presented with atomic bilayers 
A, B and C and arrows indicating NW growth directions. The smaller cube in a) defines 
the unit cell of zinc blende structure. [13] 
The crystalline structure is not always perfect which is seen as dislocations. Disloca-
tions are displacements in crystals. An excess or missing partial atomic plane forms an 
edge dislocation. The atomic planes may also partially slip relative to one another form-
ing screw dislocations. [9] However, dislocations in real lattices are typically much 
more complicated and may consist of, for example, slip and edge partial dislocations 
[14]. Dislocations are often related to strain induced by lattice mismatch. Lattice mis-
match is caused by a material interface within the crystalline structure where the materi-
als on different sides of the interface have different lattice constants. This is typical situ-
ation for thin film growth where different material layers alternate in order to form func-
tional structures. Strain in heterostructures varies also as a function temperature because 
different materials have different coefficients of heat expansion. This is called thermal 
mismatch. [15] Another lattice imperfection which is important when discussing NWs, 
is alternating WZ and ZB segments. An atomic layer thick WZ segment in ZB NW, and 
vice versa, is called a stacking fault. An example of a stacking fault in ZB structure is 
stacking sequence ABCABABC. [12] The stacking faults may also cause rotational 
twinning which is seen as 180
o
 rotation around the NW growth axis. It creates a stack-
ing sequence equivalent to ABCABCBACBA. This kind of changes in stacking se-
quence can be distinguished in transmission electron microscope (TEM) images used to 
study crystalline structure of NWs. [16]  
2.1.2 Band gap 
In the field of optoelectronics strong light-matter interaction is essential. For instance 
solar cells must absorb strongly and for lasing and LEDs stimulated and spontaneous 
emission is required. In order to obtain interaction with light, the carriers, namely elec-
trons and holes, must be able to change their energy states rapidly. The carrier transi-
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tions between the energy states are caused by either absorbing or emitting a photon. 
Such transitions in semiconductors occur between two separate energy bands, valence 
and conduction band. The energy separation between the valence and the conduction 
bands is called band gap. The electron states of the atoms form these energy bands as 
the lattice structure of the solid builds up. For interaction with light it is beneficial that 
the band gap is direct. Direct band gap means that the highest energy of valence band 
and lowest energy of conduction band are located in the same point in k-space. This 
means that the carrier conserves its momentum in the transition over the band gap. Sili-
con and germanium which are main building blocks of semiconductor industry as cheap 
elements suitable for microprocessors have indirect band gap. III-V compound semi-
conductors are alloys formed out of elemental group III metal namely aluminum, galli-
um or indium and of group V element such as nitrogen, phosphorous, arsenic, antimony 
or bismuth. These materials have direct band gaps in wide energy range. The band 
structure of III-V semiconductors may be engineered by combining three or more ele-
ments forming compounds like AlGaAs. Hence, their usage in optoelectronics is essen-
tial. The band gap energy, unlike the lattice constant, is nonlinear as a function of ele-
mental composition. Typically simple quadratic relation is used for ternary compound 
AxB1-xV 
  𝐸𝑔(𝐴𝑥𝐵1−𝑥) = (1 − 𝑥)𝐸𝑔(𝐴) + 𝑥𝐸𝑔(𝐵) − 𝑥(1 − 𝑥)𝐶,    (2) 
where Eg is the band gap energy, x is the fraction of element A and C is a bowing pa-
rameter. [17] Graphical illustration of relation between lattice constant and band gap is 
presented in Figure 3. 
  
Figure 3. Band gap of III-V semiconductors is presented as a function of composition 
and lattice constant. Γ-valley marked with solid line represents direct band gap. [18] 
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Intentional incorporation of impurity atoms, for example from groups II, IV or VI, in 
the III-V lattice is called doping. Doping creates additional states in the band gap near 
the conductivity band (n-type doping) or the valence band (p-type doping). N-type do-
pants are called donors and p-type dopants are known as acceptors. In room temperature 
the thermal energy kT of electrons is adequate to excite them from donor levels to con-
duction band or from valence band to acceptor levels. Hence, free electrons (n-type) or 
holes (p-type) are created and conductivity of the semiconductor increases.  
Doping is most commonly exploited by creating a p-n junction which is a doping inter-
face where other side is p- and other n-type. Energy diagrams of a p-n junction under 
zero bias and a forward bias are presented in Figure 4. In zero bias excess electrons in p-
type side (minor carriers) diffuse to the n-type side leaving behind a positive net charge. 
Holes in the n-side of the junction behave similarly creating a net negative charge on the 
n-side of the junction. These net charges repel the majority carriers in each side of the 
junction creating a depletion region which prevents diffusion of the majority carrier 
across the junction. Depletion region is presented by WD in Figure 4 a). In forward bias, 
the p-side of the junction is connected to the positive terminal decreasing the potential 
barrier and enabling the current flow. In case of direct band gap material this can be 
exploited by forming light emitting diodes (LEDs) or diode lasers. The electric current 
flowing through the junction creates a population of minority carriers in each side of the 
junction. These minority carriers then recombine radiatively emitting photons within 
their diffusion lengths Ln and Lp in Figure 4 b). [19] An opposite effect occurs in solar 
cells where photons excite carriers on both sides of the p-n junction and the p-n junction 
separates the electron-hole pair. When the p- and n-sides of the cell are connected to an 
electric circuit, electric current is obtained. [20] However, to increase emission efficien-
cy, it is beneficial to bind the carriers in an area smaller than the diffusion length of the 
carriers because the recombination rate is dependent on the carrier concentrations. This 
is obtained by forming a well of a smaller band gap material in the middle of the p-n 
junction to create a heterojunction presented in Figure 4 c). When this well is narrow 
enough to cause carrier quantum confinement, it is referred to as a quantum well and the 
band structure is altered even further as the possible states for carriers are quantized. 
[19] 
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Figure 4. An energy diagram of a pn-junction is presented with a zero bias in a) and a 
forward bias in b). The solid circles are electrons and open circles are holes. In b) car-
riers recombine radiatively within their diffusion lengths Ln and Lp. In c) a p-n hetero-
junction under forward bias binds the carriers into a narrow well where the recombine. 
[19] 
Doping also affects the value of the band gap as the intrinsic bands are modified. How-
ever, the intrinsic band is not affected if the dopant concentration is adequately low. As 
the doping density increases, the intrinsic band gap changes so that the emission lin-
ewidth obtained from radiative carrier recombination is initially broadened and with 
even higher doping levels it is reduced. [21; 22] 
Also temperature affects the value of the band gap. The band gap energy is reduced as 
temperature increases. The band gap energy Eg follows the empirical Varshni function 
 𝐸𝑔 = 𝐸(0) − 𝛼 ∙
𝑇2
𝑇+𝛽
𝑒𝑉,      (3) 
where E(0) is the band gap energy in 0 K, T is the temperature and α and β are con-
stants. [17] 
2.1.3 Epitaxial growth 
The III-V materials are epitaxially grown on substrates with high crystalline quality. 
The growth conditions are such that the atoms adsorbed on the substrate surface have 
enough thermal energy to diffuse to an energetically favorable location. In typical epi-
taxial thin film or bulk material growth the deposited material copies the crystalline 
structure of the underlying material. This kind of relation between the substrate and the 
deposited material is termed epitaxial. Also, the deposited material is referred to as the 
epitaxial material. In a heteroepitaxial case, where the substrate and the epitaxial mate-
rial are different, the lattice constants may be mismatched, as presented in Figure 5. In 
order to copy the crystalline structure, the epitaxial material must build up so that it has 
laterally equal lattice constant as the substrate. The adaption of the lattice constant in-
duces strain in the lattice. Strained epitaxial growth and strain relaxation via dislocation 
are presented in Figure 2 a)-c). 
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Figure 5. Lattice mismatched epitaxial growth with two separate lattices having differ-
ent lattice constants a) may lead to strained epitaxial layers in case of small lattice 
mismatch or thin layers b). In c) the strain is relaxed via dislocation. Lateral strain re-
laxation can be obtained in thin NW structure without dislocations (d). Modified from 
[81] with permission of the author. 
The lattice mismatch between Si and GaAs is 4%. [11] This means that no single crys-
talline bulk structure of GaAs can be epitaxially grown on Si without the structure re-
laxation via dislocations. Dislocations quench the optical properties of the material and, 
hence, make the relaxed crystalline structure useless for most optoelectronic applica-
tions. In epitaxial III-V semiconductor structures the substrate is the most material con-
suming part. Therefore, it would significantly reduce the cost per device if III-V com-
pounds could be integrated on relatively cheap Si substrates. Also in application point-
of-view, integrating emitters on complementary metal oxide semiconductor (CMOS) 
microcircuits or silicon-on-oxide (SOI) photonics platform is extremely tempting. The 
problem of lattice mismatch may be solved by growing GaAs, or other III-V semicon-
ductors, in a one-dimensional manner forming NWs. [23] The NW structure allows the 
growth without dislocations as the strain is relaxed at the NW sidewalls. Strain relaxa-
tion at NW sidewalls is presented in Figure 5 d). For example a GaAs NW with radius 
of 30 nm and infinite length can be grown without any plastic strain relaxation via mis-
fit dislocations in the lattice structure. [24] However, if the NW radius is increased 
above this critical value, relaxation occurs but it is still reduced in the first layers of the 
NW. This enables the growth of III-V NWs with typical diameters of about 100 nm on 
Si substrates. [23] Lateral strain relaxation and dislocations reduced to first atomic lay-
ers of NW redefine epitaxial relation. The NWs are epitaxial if the substrates facet de-
termines the orientation of the crystal structure even though the crystal structure is not 
copied. For example, NWs with hexagonal WZ structure on Si with cubic diamond 
structure are epitaxial if the substrate determines their growth direction. Hence, vertical 
III-V NWs are epitaxial. Also tilted NWs can be epitaxial if the substrates crystal orien-
tation determines their direction. [25]  
10 
2.2 Nanowire fabrication techniques 
Techniques for growing NWs are categorized to bottom-up and top-down methods [26]. 
Bottom-up techniques are based on growing the NWs by adding material on the sub-
strate. The material for the NWs is added either in the form of vapor or solution. Vapor-
phase techniques typically used in NW growth are Molecular Beam Epitaxy (MBE) and 
Metal Organic Vapor Phase Epitaxy (MOVPE). Other typical bottom-up methods are 
solution based methods.[27] Top-down techniques are either lithography based tech-
niques such as optical-, electron beam- and other novel lithography techniques [26], or 
etching [28]. This chapter discusses the above mentioned NW fabrication techniques. 
2.2.1 Molecular beam epitaxy 
Molecular beam epitaxy is a physical growth technique well suited for manufacturing 
complex epitaxial semiconductor structures. MBE growth takes place under an ultra-
high vacuum (UHV) environment where the pressure can vary from 10
-10
 mbar, which 
is a typical value for an empty growth chamber, to 10
-6
 mbar, which is a value that pres-
sure may reach during the growth process. UHV environment minimizes the amount of 
impurities in the samples and enables the material deposition in the form of elemental 
beams. This is enabled by increasing the mean free path of the atoms to tens of meters 
up to kilometers in the operating pressures. Material deposition in the form of molecular 
beams in vacuum enables growing extremely sharp, atomic layer thick interfaces. Also 
modifying the doping concentrations continuously or abruptly is possible. Group III 
materials are introduced from heated crucibles called effusion cells. The temperature of 
the effusion cells determines the amount of material in the flux, which can be turned on 
and off with mechanical shutters. Crackers with needle valves are used for group V ma-
terials such as As, Sb and P. With low cracker temperatures quaternary molecules are 
introduced, whereas a hotter cracker breaks them into dimers such as As2. Plasma 
sources are used for N, whereas Bi is provided from similar effusion cells as group III 
materials. [15; 29] 
The main growth parameters of the MBE growth process are substrate temperature and 
material fluxes. The former affects the diffusion lengths of the atoms on the substrate 
surface and the probability of atoms to adsorb on to the substrate or to evaporate. The 
latter is controlled by changing the temperatures of the effusion cells and openings of 
the cracker needle valves. Material fluxes determine the growth rate and the composi-
tion of ternary and quaternary alloys. Normal two-dimensional growth occurs under 
excess group V material flux as the amount of group III material determines the growth 
rate. However, growing nanocrystals and NWs requires more precise control of the 
III/V flux ratio. For example in the case of Ga catalyzed GaAs NWs, the growth rate is 
determined by the As flux. [15; 29] 
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In MBE, the units for measuring the growth rate and the amount of material introduced 
on the substrate are rather diverse. The material flux is measured with an ionization 
gauge in the growth chamber and hence its values are given in nanoamperes (nA) to the 
reactor operator. However, the true two-dimensional growth rate can be given in units 
of micrometers per hour (µm/h), nanometers per minute (nm/min), nanometers per sec-
ond (nm/s) or monolayers per second (ML/s). All these units describe thickness of the 
grown layer within a certain period of time. Growth rate in ML/s can be determined 
directly from reflection high-energy electron diffraction (RHEED) intensity oscillations. 
[15] It is an especially convenient unit when the amount of deposited material is small. 
For instance, in droplet epitaxy the amount of provided group III element can be less 
than one ML. In these situations ML refers to amount of group III element in order to 
grow one 2D-layer of III-V compound. [30] When changing the unit system from MLs 
to thicknesses the amount of MLs per crystalline unit cell must be taken to account. For 
example the lattice constant of ZB GaAs is 5.65325 Å [11] which is the thickness of 
two MLs stacked in [100] directions. In other words, one GaAs ML is the spacing of 
(200) crystal planes. It is also noteworthy that ML thickness is different for other crystal 
directions. For example [111] is the growth direction of ZB NWs but the amount of de-
posited material is still determined based on MLs in [100] direction as the growth rates 
are typically calibrated based on growth on (100) surface. [31] The deposition rate of 
the group V element is often determined by beam equivalent pressure (BEP). Unit for 
BEP can be any unit of pressure but Torr is typically used in literature. BEPs vary from 
reactor to another since they are proportional to flux meter readings that are not typical-
ly calibrated for group V fluxes. Hence, the BEP cannot be used to describe the actual 
flux of group V atoms or molecules per unit of time unless the flux measurement is 
carefully calibrated. Typically V/III ratio of the BEPs is used to give information of the 
group V flux. [29] 
2.2.2 Metal organic vapor phase epitaxy 
In MOVPE vapor phase organic and hydride chemical precursors mixed with hydrogen 
as a carrier gas deliver the semiconductor reactants to the substrate. Unlike MBE, it is a 
chemical deposition technique. MOVPE is also referred to as metal organic chemical 
vapor deposition (MOCVD) or organometallic chemical vapor deposition (OMCVD) 
although in detail MOCVD and OMCVD do not require epitaxial relationship between 
the substrate and the deposited material. The MOVPE process occurs in a reaction 
chamber where the substrate is heated to the desired growth temperature. Then, the 
chemical precursors mixed with an inert carrier gas are allowed to flow to the reaction 
chamber in pre-ordered concentrations. The heat from the reaction frees the metal and 
semiconductor atoms from the precursor molecules. The atoms adsorb to the substrate 
surface leading to more complicated surface kinetics than in MBE because gas phase 
reactions [32] and viscous gas flow [29] take place on the substrate surface. Traditional-
ly, MOVPE is preferred over MBE in industrial production of many III-V semiconduc-
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tor devices due to faster growth rates and UHV-free growth conditions whereas MBE is 
used when high purity and accuracy interfaces are needed. [33] Even though MBE tech-
nique has significantly increased its throughput capability, the growth rates have not 
increased and hence MOVPE is generally still the leading manufacturing technique of 
thicker epitaxial structures whereas MBE has otherwise established its position in large 
scale manufacturing. [34] From NW point of view, there are some indications that MBE 
grown self-seeded GaAs NWs with an AlGaAs passivation layer have longer carrier 
lifetimes and hence better optical properties than MOVPE grown NWs. [35; 36] How-
ever, the results are not completely comparable because passivating shell thicknesses in 
MOVPE and MBE grown wires differ which may affect the carrier lifetimes in the 
NWs. [35; 36] Similar results have been found for Au catalyzed NWs. [37] 
2.2.3 Other bottom-up methods 
There are various solution based methods for growing NWs. NWs may be grown 
straight in a flask without a substrate [38], with a substrate [39], in a reactor on a sub-
strate [40] or in microfluidic chips on substrates [41]. Of these techniques, the flask 
based method is presented as it generalizes the properties of solution based methods 
without excessive complexity. Figure 6 illustrates solution based NW fabrication tech-
niques and NWs produced by them. Solution based NWs are also referred as quantum 
wires as they are typically very thin. Various materials including silicon [38], II-VI 
compounds such as CdSe [39] and III-V materials [42] can be grown by solution based 
methods.  
Chemical beam epitaxy (CBE) combines techniques used in MBE and MOVPE. CBE 
reactors have similar vacuum conditions to MBE but the material is provided in the 
form of chemical precursors similar to the ones used in MOVPE. CBE is conducted in 
ordinary MBE reactors with gas sources. [43] Systems with MBE effusion cells for 
group III elements and gas sources with crackers for group V elements are referred as 
gas source MBE [44]. Some of the precursor gases are cracked to elemental beams be-
fore introducing them into the growth chamber. [29] Earliest Au induced GaAs NWs 
were position controlled and grown by CBE. [45] The NW growth rates in CBE are 
quite similar to MBE.  For example CBE allows growth of NWs composed of AlAs, 
which typically can be used only as a shell layer in heterostructure NWs when grown by 
other methods. [43]. 
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Figure 6. Flask based technique for CdSe quantum wire growth on a substrate is pre-
sented in a). Corresponding quantum wires grown with different catalyst particle con-
centration are presented in b) and c ). [39] A to E present silicon NWs grownin a flask 
without a substrate [38].  
Aerosol assisted chemical vapor deposition (AACVD) is a MOVPE-related technique 
where precursors are provided to the substrate in the form of aerosol particles. The ma-
terial deposition occurs in low to atmospheric pressure or even in open atmosphere. A 
review on AACVD technique can be found in [46]. By this technique metal oxide 
nanoneedles have been directly integrated on gas sensors. These nanoneedles are not 
epitaxial as their growth direction is at its best quasi-aligned as presented in Figure 7. 
They have also very broad width and length distributions. [47] 
Hydride vapor phase epitaxy (HVPE) is a MOVPE-related technique which uses 
hydride precursors. It is used in the growth of III-V NWs with extremely fast, over 100 
µm/h growth rates. Exceptionally long (>50 µm) NWs can be grown with this 
technique. [48] Also extreme phase purity and narrow geometry can be obtained for 
zincblende GaAs. However, these wires are not completely straight even though the 
bending may be caused by charge accumulation during SEM imaging. [49] HVPE of 
NWs requires usage of catalyst droplets [48]. The resulting wires are presented in 
Figure 7. 
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Figure 7. AACVD grown tungsten oxide NWs on silicon oxide layer on gas detector are 
presented in A to C [47]. Extremely long and thin GaAs NWs grown on GaAs(100) sub-
strate by HVPE are presented in a to c. The NWs are located on top of oriented scales 
formed in the beginning of the NW growth. [50] 
Aerotaxy is a NW growth method where NWs grow in Au-catalyzed mode as Au 
nanoparticles in aerosol phase flow through a gas stream with precursor molecules. The 
growth rates are 20 to 1000 times faster than for NW growth on single crystalline 
substrates and the growth is continuos instead of batchwise. Hence aerotaxy as well as 
solution based methods are potential ways to manufacture large amounts of NWs when 
epitaxial relation between the NWs and the substrate is not required. [51] The principle 
of the aerotaxy method and SEM images of aerotaxy-grown NWs are presented in 
Figure 8. 
 
Figure 8. Principle of aerotaxy growth method A and strongly tapered NWs grown with 
different sized Au nanoparticles B [51]. 
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2.2.4 Top-down methods 
NWs may also be produced by top-down techniques, which are mainly based on lithog-
raphy. Traditional optical lithography is diffraction limited so scaling down the feature 
size is problematic. This problem is solved by using electron beam lithography and oth-
er techniques, such as nanoimprint, scanning probe and ion beam lithography. These are 
preferential techniques in manufacturing horizontal NWs on substrate surface but may 
also be used in manufacturing vertical NWs. The NW material is typically silicon. [26] 
Vertical top-down NWs can also be formed by metal catalyst etching. This can be ob-
tained by producing catalyst nanoparticles for example silver on Si substrate and im-
mersing the substrate to a solution that etches the material under the catalyst nanoparti-
cles but leaves the catalyst free surfaces intact. This method might be suitable for manu-
facturing silicon antireflection coatings on silicon solar cells. [28] Since the top-down 
methods for vertical NWs require a bulk structure as a starting point they do not have 
the same material usage reducing property as bottom-up techniques. Top-down vertical 
NWs are more applicable for integrated circuits and field effect transistors than for III-V 
optoelectronic devices. Hence they are not discussed further within the scope of this 
thesis. [26] 
2.3 Nanowire growth modes 
The requirement for NW growth in MBE is a physical nucleation center where ad-atoms 
may diffuse along the substrate surface and the side facets of the NW or impinge 
straight from the molecular beams. All the growth modes presented in this chapter are 
based on similar diffusion processes although they have differences in the nature of the 
nucleation centers. [23] Growth modes presented in this chapter, disregarding the solu-
tion-liquid-solid mode, are applicable for NWs grown by MBE and MOVPE tech-
niques. 
2.3.1 Vapor-liquid-solid growth 
The most common growth mode of semiconductor NWs is vapor-liquid-solid (VLS) 
mode, to which all other growth modes are typically compared to in literature. It was 
presented as early as 1964 [52]. In VLS mode, a liquid metallic nanoparticle acts as a 
seed for the NW growth. This nanoparticle may be gold or other metal that is not in-
cluded in the bulk semiconductor, such as aluminum, nickel or titanium. Literature re-
fers to this growth mode usually as metal-catalyzed or metal-induced growth. [23] 
Whether the nanoparticle is gold or other metal, it must be able to form supersaturated 
alloys with the group III element of the NWs. This means that it must melt in lower 
temperatures than the NW growth temperature, around <600 
o
C for Au assisted NW 
growth. [32; 53]  
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VLS growth of NWs begins by formation of these nanoparticles. Different gold particle 
deposition methods include annealing thin films, lithography, adsorption of colloidal 
particles from liquid phase and particles generated from aerosol phase. [54] The NW 
growth in the VLS mode is driven by thermodynamics. Supersaturation means that there 
is more solute in the solution or, for gaseous phase, that there is higher partial vapor 
pressure than equilibrium conditions enable. The supersaturation of the nanoparticle is a 
mandatory prerequisite for the crystallization of the NW material. In order to initiate the 
NW growth, the group III material diffusion and straight impingement must supersatu-
rate the catalyst particle. This causes an incubation time before the NW growth is initi-
ated. After the supersaturation is achieved the NW material begins to crystallize at the 
interface between the droplet and the substrate. Adsorption and adatom diffusion along 
the substrate surface and the NW side facets maintain the droplet supersaturation. This 
is only possible when even higher supersaturation surrounds the droplet. In other words 
rate of sidewall diffusion and direct impingement to the droplet must be greater than 
desorption and parasitic nucleation. Figure 9 presents these effects. [32; 53] The catalyst 
particle also acts as a catalyst for the decomposition of the chemical precursors when 
they are used. A review of VLS grown NWs can be found at [55]. 
 
Figure 9. Schematic model of vapor-liquid-solid growth of NWs presents the material 
kinetics during the NW growth. [53] 
In addition to this ideal NW growth model describing only axial growth, growth takes 
place also in NW sidewalls and in some cases on the substrate. The growth on side fac-
ets is called radial growth. It is caused by vapor-solid (VS) growth of side facets which 
is presented in chapter 2.3.4. Radial growth causes increase of the NW diameter or ta-
pering as the growth proceeds. Growth on the substrate leads to parasitic island growth. 
These effects are schematically presented in Figure 10. NW growth conditions are usu-
ally optimized to minimize these effects. Radial growth is controlled by growth temper-
ature and V/III ratio. In MOVPE also in situ etching of the side facets is possible in or-
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der to compensate for the radial growth [56]. Parasitic growth can be significantly re-
duced by using oxide covered Si substrates [57] rather than oxide-free substrates [58]. 
Effect of the substrate surfaces is described in detail in section 2.4. Also the V/III ratio 
and the substrate temperature affect the amount of parasitic growth. [57] 
 
Figure 10. Schematic model of VLS growth with radial and parasitic substrate growth 
is presented in a) [55]. A SEM image of self-seeded GaAs NWs with some crystalline 
parasitic growth on the substrate surface is presented in b).The scale bar is 1µm. 
2.3.2 Vapor-solid-solid growth 
The NW growth is also possible also with a solid state nanoparticle. This is obtained by 
reducing the growth temperature. Transition from VLS mode to this vapor-solid-solid 
(VSS) occurs in lower temperature than the melting point of the catalyst material.  VSS 
growth mode is approximately one order of magnitude slower than VLS mode. Manu-
facturing of axial heterostructures with sharp interfaces is also possible in the VSS 
growth mode due to low solubility of the semiconductor material into the catalyst parti-
cle. The reduced growth temperature also enables the integration of NWs with standard 
CMOS manufacturing processes. [27] 
2.3.3 Self-seeded growth 
The discussion in this chapter is limited to self-seeded growth of GaAs NWs as they are 
the most relevant within the scope of this Thesis. 
According to some references the usage of gold as the catalyst nanoparticle is beneficial 
over other metals in order to obtain single crystalline and well oriented NWs [54]. 
However, others claim that gold is harmful in terms of good quality crystalline structure 
compared to internal metal induced growth presented in this chapter [59]. In addition to 
high quality crystalline structure required for optoelectronic devices the electrical and 
optical properties of NWs must be precisely controlled. During external metal induced 
growth some atoms of the seed particle are incorporated into the NW. Au impurity at-
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oms reduced the free mean paths of conducting electrons and scattering losses in Au 
catalyzed VLS grown GaAs NWs. [60] Au has also a negative effect on the n-type dop-
ing of GaAs NWs [61]. In addition the Au atoms incorporated into the NWs reducing 
the minority carrier lifetime by two orders of magnitude compared to NWs without Au-
atoms. [35] However gold induced NWs with reasonable carrier lifetimes can be ob-
tained as long as the crystalline quality of the NWs is high [37]. Also the intensity of 
photoluminescence of Au-catalyzed NWs ceases at temperatures higher than 120 K 
which implies the existence of nonradiative centers within the NWs. [62] From the ap-
plication point of view, the most serious adverse effect of Au is the Au diffusion into 
the silicon substrate, where it forms deep level carrier traps [63;64]. Which makes the 
usage of gold induced NWs in optoelectronic devices and their integration on silicon 
questionable if not impossible. In order to solve these problems, the self-catalyzed (also 
self-induced, self-seeded, internal metal catalyzed, VLS, autocatalytic and catalyst free) 
growth mode has been developed [65].  
The self-catalyzed growth mode takes advantage of an internal metal droplet, in case of 
GaAs gallium. External metal- and self-catalyzed growth modes are quite similar in 
terms of the growth kinetics. In both cases the liquid nanoparticle is the way for materi-
al diffusion into the NW and its size determines the thickness of the NW. [23] The pa-
rameters controlling the droplet size are the substrate temperature and the V/III flux 
ratio. As the substrate temperature or the group III flux increases also the droplet size 
increases. [66] The growth temperature must be near the temperature where the droplet 
is in liquid phase but it crystallizes under group V flux. This temperature is called con-
gruent temperature. For GaAs it is 630 
o
C and for InAs 430 
o
C. [31] On Si(111) sub-
strates the self-catalyzed GaAs NWs have been grown in temperatures from 560°C [59] 
to 660 °C [67]. Because the NW diameter depends on the droplet size it may increase 
during the growth if conditions are such that excess group III element is provided. On 
the other hand, if the group III partial pressure is too low the nanoparticle is consumed 
eventually preventing the NW growth. However, the local chemical potential seems to 
affect the gallium diffusion and hence variations in arsenic flux do not necessarily in-
duce tapered NWs. [68] 
 In ordinary two-dimensional MBE growth the growth rate is controlled by the amount 
of group III element and excess group V element is provided. In the NW growth the 
situation is opposite and the amount of group III element provided on the substrate is 
not the main parameter affecting axial growth rate of the NW. The group V partial pres-
sure controls the growth rate which is linearly dependent on it. If the group V element 
has too low partial pressure its’ desorption from the group III droplet reaches equilibri-
um with adsorption and the NW growth is prevented. Thus it is important to be able to 
precisely control the V/III-ratio during the self-catalyzed growth also in the growth rate 
point of view. [69; 70; 71] Controversially to the model presented in [70], also the sub-
strate temperature and the group III flux affect the growth rate. Increase of temperature 
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decelerates the growth [66; 71] and increase of Ga flux accelerates the growth. The lat-
ter does not obey any clear trend and the effect is not clearly explained [66].  The tem-
perature dependence is at least partially related to local V/III ratio which is affected by 
the temperature dependence of gallium diffusion length. Increase of temperature in-
creases the gallium diffusion length and hence V/III ratio decreases. [67]  
 As the NW grows the distance from lower part of the NW to the droplet increases and 
the Ga diffusion rate of additional material to the droplet decreases. This effect is pre-
dicted to stop the NW growth when the length reaches 40 µm which is significantly 
longer than typical NW lengths. [70] The Ga diffusion is a limiting factor of NW length 
because direct impingement of Ga into the droplets is negligible.  However this limits 
only MBE grown NWs as in MOVPE material absorbs also on the sidewalls of the NW 
[53]. Also models predicting theoretical infinite growth are presented [32]. Arsenic is 
not a limiting factor of NW length as it is provided to the catalyst droplet via straight 
impingement and from secondary arsenic source provided by evaporation from substrate 
surface and NW sidewalls. [67; 68; 71]. 
The crystalline structure of the self-catalyzed GaAs NWs on Si(111) substrate is typical-
ly  zincblende unlike Au catalyzed NWs that have wurtzite structure. This is due to low-
er surface potential of Ga droplets compared to that of Au droplets. A model of the cata-
lyst droplet and its surface energies explaining the absence of wurtzite stacking faults in 
Ga induced growth is given in [59]. Controversially to this theoretical model, stacking 
faults with wurtzite phase do exist in self-catalyzed GaAs NWs [72]. Their occurrence 
is especially probable near the NW tips if the catalyst droplets are crystallized by shut-
ting group III flux as the final step of the NW growth. This is explained by the changing 
size of the Ga catalyst droplet and the increasing group V partial pressure which affects 
the chemical potential. [59] However, the stacking faults at the NW tip may be avoided 
by a procedure of stopping Ga flux briefly before final growth and cooling the sample 
slowly under arsenic flux. [73]  
2.3.4 Catalyst free growth 
NW growth is also possible without a catalytic nanoparticle [74]. This type of growth 
mode is referred as metal-free, noncatalytic, catalyst-free [23] or vapor-solid (VS) [75]. 
It is important to note that also the self-catalyzed growth is sometimes referred as cata-
lyst-free. For III-As compounds the catalyst-free growth occurs under As-rich condi-
tions which prevent the formation of the group III catalyst nanoparticle. It is driven by 
different growth rates for different facets of the crystal. Hence the preferred facet for the 
growth is the physical nucleation center that induces the NW growth. Disadvantages of 
this growth mode for the III-V semiconductor NWs are high density of planar defects 
and slower growth rate compared to the VLS and the self-catalyzed modes. On the other 
hand, it enables growth of sharp axial heterostructures. Typically InAs NWs grow in 
catalyst-free mode but with As/Ga ratio larger than one also GaAs may be grown with-
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out the Ga catalyst particle. [76] InAs NWs can be grown by this method with extreme-
ly high (120) V/III ratios. In contrast to the self-catalyzed growth mode, the growth rate 
is controlled by the substrate temperature and the group III flux. The catalyst free 
growth of InAs NWs begins in In rich conditions, possibly in presence of liquid indium 
droplets. After short growth time < 2 min the droplet is consumed and the V/III ratio 
stabilizes. [75] 
2.3.5 Solution-liquid-solid growth 
NW growth may occur also in solution phase. The solution-liquid-solid (SLS) method is 
strongly analogous to VLS growth mode. The solution based NWs grow in the presence 
of a catalytic nanoparticle which is typically gold or bismuth. These nanoparticles are 
either injected in the solution where the growth occurs [38] or deposited on a substrate 
[39].  
The chemical precursors present in the solution phase diffuse into the catalyst particles 
where they dissociate and release elemental NW materials. As the NW material super-
saturates the catalyst particle, the NW growth begins. The NW growth is maintained by 
continuous availability of precursors in the solution. The growth rate can be limited by 
precursor diffusion along NW sidewalls or by direct impingement to the catalyst parti-
cle. Detailed model of SLS growth is presented in additional material of [41]. The 
growth mode is schematically presented in Figure 11. In addition to SLS mode, also 
different solution based growth mechanisms exist such as supercritical fluid-liquid-solid 
[77] and supercritical fluid-solid [40]. They are not further presented within the scope of 
this thesis.  
 
Figure 11. A tin nanoparticle catalyzes the decomposition of cyclohexasilane forming 
tin-silicon alloy providing material for NW growth as the silicon concentration satu-
rates. [78] 
SLS NWs are typically very thin, having even sub-10 nm radii. Hence, quantum con-
finement affects the allowed electron states in the NWs and they are also referred to as 
quantum wires. [39] They are typically not vertical but either tangled meshes forming 
non-epitaxial films [38; 39], horizontal with respect to the substrate or pointing at arbi-
trary directions [41]. This morphological difference and the thinness of SLS wires are 
the most important properties separating them from epitaxial vapor phase grown NWs. 
The NWs grown by the solution based methods have several disadvantages compared to 
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wires grown in the vapor phase. The amount of the chemical precursors in the used so-
lution varies uncontrollably as the material is absorbed to the growing NWs. All precur-
sors participate in the reaction simultaneously in the flask based method unlike in the 
vapor phase methods. This reduces the amount of radial heterostructures obtainable via 
solution based methods. In addition, the growth rate is in micrometers per minute –
range which makes in-situ monitoring and quantitative analysis of the growth mecha-
nism impossible. A flow-based SLS method is developed in order to diminish some of 
these problems. [41] SLS growth mode has also some advantages over vapor phase 
methods. They include precise control over NW size and morphology. In addition the 
solutions used in SLS growth include surface-coordinating ligands that passivate the 
surface of the NW by forming coordination bonds with the dangling bonds on NW sur-
face. The crystalline quality of the SLS grown NWs is equivalent to VLS grown. [41] 
The scalability of the process makes it cost effective [39] although, processes required 
to straighten and organize the NWs grown in tangled meshes are the factor that reduces 
upscaling the liquid phase growth of NWs [26].  
2.4 Effect of substrate and oxide layer on nanowire growth 
The substrate surface has a tremendous effect on the NW growth. In this chapter differ-
ent surfaces enabling NW growth are presented focusing on Si substrates and self-
catalyzed III-V NWs.  These include growth in random pinholes in silicon dioxide SiO2 
[70], selective area epitaxy (SAE) [79; 80], growth after droplet epitaxy of nanocrystals 
formed of the same composition as the NW [57; 72] and finally, self-catalyzed growth 
on lithography-free patterns in silicon oxide layer, which is the technique used in the 
NW growths conducted in this thesis [81]. Figure 13 at the end of this chapter illustrates 
characteristics of the effect of substrate and oxide layer on NW growth for the tech-
niques presented in this chapter. 
2.4.1 Random pinholes in oxide layer on substrate 
NW growth in random pinholes in SiOx occurs on a substrate covered in porous SiOx 
mask which has thickness under 30 nm or on a native oxide on Si substrates. Sputtering 
or other oxide deposition technique is used with GaAs substrates for GaAs NWs. Oxide 
layer prevents Ga wetting of the surface and hence enables droplet formation [31]. The 
nature of the oxide layer has a significant effect on yield of successful NWs also in 
growth occurring on Si substrates. [82] No surface preparation is required when the na-
tive oxide layer of the Si substrate is used. Hence, it is the most commonly used surface 
when NWs are grown in the random pinholes in the oxide layer on Si substrate. [59] 
However, the characteristics of the native oxide vary between substrate manufacturers 
and batches affecting the NW growth significantly [82].  
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The NW growth mode is self-catalyzed in the growth in random pinholes in oxide layer 
on the substrate. When the oxide layer is thin enough, 30 nm for sputtered oxide on 
GaAs substrate [65] to less than 2 nm for thermal oxide on Si substrates [82], the NWs 
have epitaxial relation with the substrate. Ga deposited on SiOx covered substrate fur-
ther etches the pinholes, which must reach the Si/SiOx interface in order to obtain epi-
taxial NWs. As the holes reach appropriate dimensions droplet nucleation begins. 
Hence, the oxide roughness must be comparable with the oxide thickness in order to 
obtain NW growth. [82] The nucleation process increases the incubation time for the 
NW growth in random pinholes. The incubation time varies for different catalyst drop-
lets leading to wide length and diameter distributions. The SiOx mask also increases 
diffusion length of Ga on GaAs so its usage is beneficial in order to obtain increased 
migration into the Ga droplets functioning as nucleation centers and higher growth 
rates. [65; 66; 70] Compared to the droplet deposition based methods on substrates with 
no oxide layer presented in chapters 2.4.3. and 2.4.5. growth in random pinholes has 
few disadvantages. First, finding suitable temperature range for the droplet deposition is 
rather difficult and the range is narrow. This reduces the achievable NW density as the 
droplet density is a strongly affected by the droplet deposition temperature. [59] A sig-
nificant disadvantage from the application point of view is the wide length and diameter 
distributions presented in [66; 83]. Also optimizing the NW growth direction is prob-
lematic. As the oxide thickness growths over 30 nm no epitaxial relation between the 
substrate and the NWs occur and the growth directions become arbitrary. [65] The main 
parameter affecting the NW orientation on Si(111) substrates covered by native oxide is 
the V/III ratio at the substrate surface. Temperature locally affects this ratio significant-
ly inducing variations even at different locations on the substrate. [67] Also the compo-
sition and the roughness of the oxide layer affect the yield of successful NWs signifi-
cantly [82]. There is an optimal temperature for each V/III ratio where the yield of ver-
tical NWs is highest. The temperature must be such that V/III ratio is high at the group 
III droplet and it is typically found at high end of growth temperatures near 660 
o
C [67] 
or 640 
o
C [82] depending on the source. 
2.4.2 Selective area epitaxy 
In selective area epitaxy (SAE) the NW growth occurs on an ordered pattern of open-
ings formed on a silicon dioxide mask. Typically Si(111) substrate is used for study of 
III-V NW growth. The openings may be formed by various lithographical methods, for 
instance electron beam lithography [80] or nanoimprint lithography [84]. The mask 
manufacturing also requires etching. The openings offer a preferential nucleation site 
for self-catalyzed [80] or catalyst-free [85] NW growth. The GaAs NW growth mode is 
typically self-catalyzed in MBE and catalyst-free in MOVPE [86].  Another way to pro-
duce position controlled NWs is forming an array of nano-droplets, for example Au, on 
the substrates. The droplets function as the catalyst particles for the NW growth. This 
leads to Au-catalyzed VLS growth which is not preferred. [80] 
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In SAE, the diameter of the NWs is almost independent of the size of the openings. [87] 
Even though the opening size does not affect the NW diameter, a pedestal is formed 
when wider openings are used. The pedestal is formed as the Ga droplet adapts to the 
mask opening size in the beginning of the growth. Later, the droplet size reduces as it 
reaches steady state which is determined by the V/III ratio. [86] Also tapered NWs may 
be formed as the radial growth fills the openings in the oxide layer. Tapering can be 
reduced by increasing the growth temperature as it enhances the sidewall diffusion. 
Even though the NW diameter changes as a function of time or pedestals may be 
formed, the diameter distributions obtained via SAE are narrow compared to the growth 
in random pinholes. [84] The distance between the openings affects the diameter and the 
length of the NWs. As the distance increases also the NW dimensions increase until 
certain constant level is achieved. This constant limit represent diffusion limited growth 
regime where adjacent NWs are separated by more than twice the material diffusion 
length on the substrate. Increasing distance between NWs also induces twin defects by 
increasing effective As/Ga ratio. Therefore, the optimal NW growth conditions depend 
on the separation of the openings. [86]  
SAE is a controlled way to study the kinetics of the NW growth. For instance the diffu-
sion length of the group III atoms on SiO2 may be found by varying the distance be-
tween openings. It is also a way to achieve position controlled NW growth with con-
stant density. These kind of homogeneous structures have optical properties that can be 
predicted more precisely. [79] Also the narrow diameter and length distributions en-
hance the homogeneity of NW arrays grown by SAE. NW densities obtained by SAE 
vary as a function of the pitch between adjacent NWs. Pitches may vary from 200 to 
2000 nm. These pitches correspond to densities from 1.1 ∙ 109 cm−2 to 2.7 ∙ 107 cm−2. 
This is relatively wide density range and it might be extended by increasing or reducing 
the pitches. Vertical NW growth direction is obtained by optimizing the arsenic partial 
pressure. [84] The major disadvantage of selective area growth is the complexity of the 
sample preparation. [80] 
2.4.3 Droplet epitaxy based methods 
The first step of growing NWs by depositing nanocrystals of NW material on the Si 
substrate without oxide layer is droplet epitaxy. [72] Droplet epitaxy occurs under dif-
ferent growth conditions than ordinary two-dimensional growth. The droplets are 
formed under group III flux only. During this droplet deposition phase the substrate 
temperature must be such that the lateral material diffusion from the droplets is prevent-
ed but the diffusion length is adequate for material diffusion into the droplets. Two main 
parameters affecting the droplet density are the substrate temperature and the group III 
flux the prior having greater effect. [30] The Ga droplet density on Si(111) substrate 
varies as a function of the Ga deposition temperature from  106 cm−2 to over 109 cm−2 
as the deposition temperature varies from 500 to 300 C
o
, respectively. [57] Expanding 
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this range is possible, at least for GaAs substrates, up to 1011 cm−2 range. The ad-atom 
diffusion on the substrate surface is a thermally activated process. Hence, the droplet 
density has an exponential dependence on the substrate temperature which can be ex-
pressed by a linear Arrhenius plot. Flux variation from bulk growth rate of 0.01 to 1 
μm/h varies the droplet density from 108 cm−2 to 1010 cm−2 on GaAs substrate at 300 
o
C growth temperature. The functional behavior of the droplet density flux dependence 
is monomial so it is linear on log-log scale. [30] 
After the droplet deposition group V flux is provided in order to crystallize the droplets. 
[30] Practically all droplets are crystallized so the droplet density determines also the 
nanocrystal density. The crystallization of the droplets is typically conducted in a lower 
temperature (150 
o
C) than the droplet positioning. After the nanocrystal positioning the 
substrate may be oxidized in air. This reduces the amount of parasitic growth during the 
NW growth but exposes the substrates to possible contamination from air. [57; 72], The 
NWs are subsequently grown on top of the nanocrystals grown by droplet epitaxy.  The 
growth mode is self-catalyzed for GaAs NWs. The NW growth is initiated by simulta-
neously opening Ga shutter and As needle valve. The substrate temperature and the 
V/III ratio must be optimized in order to obtain high yield of successful NWs. In [57] 
optimal growth temperature was 580 
o
C. The optimal V/III ratio was different for NWs 
with different diameters. It was 3 for NWs with 120 nm diameter and 1 for NWs with 
40 nm diameter. Thinner NWs were obtained by using a template with smaller GaAs 
nanocrystals and higher number density. [57]  
Also InAs NWs have been grown on oxide-free surfaces. Even though no separate InAs 
nanocrystal growth step subsequent to NW growth is presented, this growth technique is 
droplet epitaxy based since the growth mode was initially self-catalyzed and after a 
short nucleation period transition to the catalyst-free growth mode occurred. Hence, the 
NW density was controlled by In droplet density which behaved qualitatively similarly 
to the Ga droplet densities presented above. However, the In flux dependence is strong-
er compared to that of Ga. [75] The NWs grown by nanocrystal deposition method have 
a base structure wider than the NW itself. The NW diameter is approximately half of the 
base diameter. The transition region between the base and NW itself does not contain 
defects or stacking faults. [57] NWs grown on oxide-free surfaces are vertical, and 
hence epitaxial, independently of the V/III ratio and the growth temperature. [57; 72; 
88] 
2.4.4 Growth in lithography-free patterns in oxide layer 
NW growth in lithography-free oxide patterns exploits the benefits of the previously 
presented techniques. Schematic model of this technique is presented in Figure 12. 
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Figure 12. Steps of the NW growth in lithography-free oxide patterns. [81] 
 The first step of NW growth in lithography-free oxide patterns is the Ga droplet epitaxy 
presented in chapter 2.4.3. The native oxide on the substrate surface is removed before 
substrate introduction into the MBE reactor. The droplet epitaxy enables precise control 
of the nanocrystal density and diameter. The Si(111) substrate temperature and the Ga 
flux control the density of the Ga droplets and the amount of deposited Ga determines 
their size. Ga droplets are crystallized at their deposition temperature (480 
o
C to 570 
o
C) 
by closing the Ga shutter and exposing them to arsenic flux for 10 min. After the for-
mation of GaAs nanocrystals the substrates are removed from the vacuum and oxidized 
in air for 18 h. This forms an oxide layer covering the substrate and the nanocrystals. 
The next step is annealing the substrates in the MBE chamber at 660 
o
C for 30 min. 
This evaporates the oxidized GaAs nanocrystals but not the SiO2 layer, thus leaving a 
pattern of openings in the oxide layer. This hole-pattern is then used as a template for 
the self-catalyzed NW growth similarly to the SAE templates. The catalyst droplets are 
formed by depositing Ga on 640 
o
C with 0.3 ML/s growth rate for 60 s. The droplet size 
is limited by the opening size and every opening is populated. The NW growth is initi-
ated by supplying also As2 with V/III flux ratio of 8.5. [81] This technique combines the 
simple pre-treatment of growth on SiOx layer with precise controlling of NW density 
and diameter of droplet based methods and small length and diameter variations ob-
tained by SAE growth. [81] 
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Figure 13. SEM-images of self-catalyzed GaAs NWs grown on Si(111) substrates but on 
different templates are presented. In a) two sets of NWs grown in random pinholes in a 
native oxide layer is presented. In addition to wide length and width distributions also a 
large amount of parasitic growth can be seen. [66] b) presents SAE [84] and c) droplet 
epitaxy based method [57]. The pedestals can be seen in b) and c). In d) NWs grown in 
lithography-free oxide patterns with narrow length and width distributions are present-
ed.  
2.5 Nanowire heterostructures and doping 
Two types of heterostructures can be integrated in the NWs. They are illustrated in Fig-
ure 14. Axial heterostructures have different compositions or varying doping profiles 
along the NW axis. They have been used for lasers [89] and solar cells [5]. Core-shell or 
radial heterostructures are formed so that there is at least one compositional or doping 
interface along the NW side facets. [23] They are also referred as prismatic heterostruc-
tures [31]. Core-shell structures are used to improve the optical properties of the NWs 
[8; 62], or to create radial quantum wells used in LEDs [6] and lasers [89]. 
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Figure 14. a) presents a TEM image of  VLS InAs (green) NW with InP (red) axial het-
erostructures forming potential barriers for electrons [90]. In b) a radial doping heter-
ostructure used in solar cells is presented schematically [91]. A core-multishell NW 
used as a LED structure is presented schematically in c) [6]. A cross-sectional high-
angle annular scanning transmission electron microscope (HAADF-STEM) image of a 
GaAs/AlGaAs/GaAs core-shell NW is presented in d) [92]. 
Axial heterostructures enable growth of highly mismatched heterostructures such as 
GaAs/InAs with a lattice mismatch of 7 %. Axial heterostructures may be grown either 
via gold induced VLS or self-catalyzed growth modes. Sharp axial group III interfaces 
are difficult to obtain in VLS mode, due to the high solubility of the group III element 
to the external catalyst droplet in VLS mode. [23] Group III axial heterostructures have 
been grown also from ternary alloys such as InxGa1-xAs/GaAs in the self-catalyzed 
growth mode. The optical properties of the NW can be tuned by gradually varying the 
material composition along the NW axis. [93] However, group III elements solute into 
Ga in high concentrations making fabrication of sharp heterointerfaces problematic. The 
group V solubility in Ga and In is low enabling growth of sharp GaAs/GaP [94] and 
InAs/InP [90] axial interfaces. [94] Also high quality axial AlN/AlGaN/GaN hetero-
structures have been grown by MBE. However AlxGa1-xN and AlN NWs exhibit finite 
radial growth rate during NW growth which forms a slightly asymmetric shell structure 
around the NWs. [95] Controlling the NW diameter while growing axial heterointerfac-
es has also been found to be difficult for GaAs/InxGax-1As material system as the alloy-
ing metal solutes into the catalyst droplet increasing its size. For this material system, 
optimizing the growth temperature is also problematic in order to maintain adequate 
diffusion length for gallium but not to vaporize indium. [96]  
Core-shell heterostructures enable growth of radial quantum wells in VLS [97; 98;99] 
or in self-catalyzed mode [100]. AlGaAs/GaAs [99] and InGaAs/GaAs core-shell struc-
tures have been grown on GaAs substrates in VLS mode [98; 101] InGaAs/GaAs core-
shell structures have also been grown on Si substrate in self-catalyzed mode [7]. For 
instance GaAs shell over InGaAs core is grown in VLS mode simply by shutting the 
indium flux and continuing the growth under gallium flux. This produces core-shell 
structures with tapered pencil like tips of pure GaAs. [101] In order to obtain core-shell 
structures in self-catalyzed growth mode the axial growth is terminated by interrupting 
the group III flux. During the interruption group V flux crystallizes the group III droplet 
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preventing self-catalyzed growth. After this the growth is continued using higher V/III-
ratio and lower growth temperature, which suppress the adatom migration along the 
NW and promote the growth on the {110} facets of the NW sidewalls. [92; 100; 102] 
The radial growth rate is smaller than that of normal 2D growth. This is caused by the 
reactor geometry designed for planar growth on surfaces parallel to the substrate. For 
cell tilt angle of 33
o
 the sidewall growth rate is roughly 20 % of the planar growth rate. 
[92] Because most of the III-V semiconductor applications exploit some kind of quan-
tum well or other heterostructures, being able to grow core-shell structures is very im-
portant from application point of view. [100] In addition, surface passivation is required 
for AlGaAs and InGaAs alloys. Passivation prevents the aluminum and indium from 
oxidizing. It is typically done by growing a GaAs cap on the structure. In case of NWs 
this cap is a shell structure grown radially around the NWs. Core-shell structures also 
enable confining free carriers in the NW core. For example, GaAs must be passivated 
with a shell structure having a larger band gap, typically AlGaAs, in order to prevent 
fast nonradiative surface recombination which is presented in the next chapter.[103] In 
core-shell structures the Al or In composition may be smaller compared to thin film 
growth. This is due to shorter diffusion length of aluminum than that of gallium and the 
diffusion length dependent NW growth rate. [102] In case of indium this is caused by 
evaporation as the growth temperature of InAs [75] NWs is 200 
o
C lower than that of 
GaAs [66]. However in optimized conditions the varying composition can be avoided at 
least for GaAs/AlGaAs structures [92]. 
2.6 Optical properties of nanowires 
Owing to the intended use as building blocks for optoelectronic devices, the optical 
properties of NWs have been quite extensively studied. In this chapter the general opti-
cal properties of III-V semiconductors are presented via carrier dynamics. Effects con-
cerning NWs are emphasized. Also other optical properties present in NWs such as 
large absorption cross-section and wave guiding are presented. 
2.6.1 Carrier recombination and lifetime 
Radiative and nonradiative carrier recombination processes and diffusion are typically 
studied with photoluminescence spectroscopy (PL). In PL, an excitation laser is used to 
excite electrons from the valence band to the conduction band. Simultaneously, holes 
are generated in the valence band. The photoexcited electrons and holes rapidly ther-
malize to the lowest possible conduction band states and highest possible valence band 
states, respectively, which are located at the Γ-point of the band structure. The electrons 
and holes may recombine radiatively and emit a photon having energy equal to the band 
gap energy. The electron may also recombine nonradiatively via thermal relaxation. 
Another way for nonradiative recombination is the Auger recombination, where an elec-
tron and a hole recombine while transferring the energy obtained from the recombina-
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tion to a third carrier. It must be taken to account at high carrier concentrations which 
are obtained using higher excitation intensities in PL.  Typically, power, time or tem-
perature dependent measurements are used for investigating carrier dynamics. [22] NWs 
are also studied using spatially resolved or micro-photoluminescence (µ-PL), which 
enables investigation of single NWs and even emission rising from different parts of a 
single NW [93; 98; 104]. 
The ratio between radiative and nonradiative recombination is an important figure of 
merit that describes the optical properties of materials. Nonradiative recombination oc-
curs at impurity sites where contaminants form excess states in the band gap. Dangling 
bonds at material surfaces form surface states which lead to nonradiative recombination. 
The surface recombination is especially important in NWs due to their large surface to 
volume ratio. The surface states may be passivated with a larger band gap material 
which prevents the carrier diffusion into the surface states. For example GaAs, that ex-
hibits extremely fast surface recombination, is typically passivated by AlGaAs. [22] The 
AlGaAs passivation enhances the PL intensity of GaAs NWs with a factor of 10
3 
or 
even more [92]. Even though the shell enhances the PL intensity, it induces strain into 
the NW core. Due to the strain the shell thickness should be kept well under 50 nm 
[103]. Also chemically produced monolayer thick nitride layer may be used to effective-
ly passivate the surface states in GaAs NWs [104]. Typically recombination rate is fast-
er for nonradiative than for radiative processes. For this reason long carrier lifetimes 
indicate low impurity concentration and successful surface passivation. [35] Due to dif-
ferent recombination rates for different transitions, two time constants for carrier re-
combination may be found. [81] The excitation power dependent PL measurements are 
used to qualitatively study the impurity densities. When impurity emission saturates 
with low excitation powers the impurity density is typically low. [22] 
In low temperatures excited carriers form excitons. They are hydrogen like quasiparti-
cles composed of an electron-hole pair bound together by Coulombic force. Their re-
combination energy is slightly smaller than that of the ordinary band gap, and the ener-
gy difference is the exciton binding energy. Excitons can be free or bound. The bound 
excitons are localized in a state with lower potential caused either by an impurity, a 
quantum well or a quantum dot grown to tune the band gap energy. Excitonic and shal-
low radiative impurity state recombination, caused for example by carbon impurities 
[105], quench while temperature increases as carriers are thermally excited out of these 
states. As temperature further increases the emission peaks widen because the carrier 
distribution in the conduction band follows the Boltzmann distribution. [22] Also the 
ratio of radiative recombination weakens as the carrier diffusion length increases ena-
bling their migration into nonradiative states. [106] 
In NWs, WZ segments along the axis of a ZB NW affect the carrier recombination en-
ergies. The band gap energy of WZ GaAs is still under debate values ranging from 20 
meV below to 100 meV over the band gap of ZB GaAs. Recent values can be found in 
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[107]. Stacking faults and other small WZ segments form narrow axial quantum wells 
with a broad width distribution. This induces a significant broadening in the emission 
spectrum of NWs with stacking faults. Also spatially indirect transitions occur due to 
the type-2 band alignment between the ZB and WZ phases: an electron on the ZB con-
duction band may recombine with a hole on the WZ valence band emitting significantly 
longer wavelengths than intrinsic WZ or ZB recombination. This effect and the result-
ing PL spectra as a function of location along NW axis are presented in Figure 15. [16; 
107] 
 
Figure 15. Spatially resolved confocal PL spectra with increasing amount of WZ seg-
ments are presented in a) to c) respectively. d) and e) present the possible ZB-WZ tran-
sition and variation of band energy as a function of quantum well width. [16] 
2.6.2 Absorption and cavity properties in nanowires 
NWs exhibit significantly different absorption properties compared to bulk materials. 
Absorption of vertical GaAs NWs is very efficient. Theoretically the power absorbed by 
the NWs is at least ten times larger than the illumination power at the area they physi-
cally occupy. This applies to wavelengths between 300 and 900 nm and NWs with di-
ameter between 50 and 150 nm. Their absorption cross-section is hence wider than their 
physical size. This applies also with wider NWs having diameters up to 400 nm. As the 
absorption cross-section is significantly larger than the actual NW size the pitch be-
tween the wires may be widened simultaneously gaining more absorption for a single 
NW. The NW works as a cavity for light and the intensity becomes almost constant 
along the NW axis. These properties may be exploited in solar cells by integrating a 
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core-shell p-n junction in to NWs. The homogeneous intensity distribution induces a 
homogeneous free carrier concentration along the wire axis making the NWs potential 
building blocks for solar cells. [80] Vertical NW array has a significantly higher exter-
nal quantum efficiency compared to horizontal NWs when considering solar cell appli-
cations. Simultaneously vertical NWs have smaller footprint increasing the potential 
wire density. NW solar cells have been realized, for example, using GaAs with radial p-
i-n junction [91] and InP NWs with axial p-i-n junction [5]. However, the best theoreti-
cal conversion efficiency of 42.3 % is obtained for GaAs0.77P0.23 NWs grown on top of a 
planar Si solar cell. The GaAs0.77P0.23 NWs have a 1.7 eV band gap and a radial p-i-n 
junction as a functional layer of the solar cell. [3] Single NW solar cells with corre-
sponding structure have also been realized [108]. 
Besides the large absorption cross-section NWs also have good waveguiding properties 
which keep light trapped inside the NW. GaAs NWs in air work as waveguides and can 
function as a Fabry-Perot cavity. A single vertical NW can support the fundamental 
HE11 mode. [109] These cavity properties have led also to formation of GaAs-AlGaAs 
NW lasers [1] which have been already realized as monolithically integrated on Si sub-
strates [2]. The thickness of the NWs significantly affects their confinement factor 
which describes the fraction of the supported laser mode confined inside the gain mate-
rial. Thicker NWs offer better confinement and hence the GaAs/AlGaAs NWs support-
ing laser modes have been 340 nm [1] and up to 470 nm [2] thick. Also NWs with em-
bedded quantum dot chains grown as axial heterostructures have been used as laser 
structures [110].  In addition to III-V materials, also II-VI NW lasers have been exten-
sively studied [89]. 
NWs have also interesting polarization dependent properties. A purely classical elec-
tromagnetic theory shows that absorption and emission in NWs is polarization depend-
ent so that light polarized parallel to the NW experiences an absorption and emission 
maximum. However, this analysis is only valid when the dielectric constant of the NW 
is high, around 10, the free carrier diffusion length in the NWs is shorter than the NW 
diameter and the distance between the NWs is significantly larger than the NW diame-
ter. [111] The dielectric constants of III-V semiconductors are in the required range ex-
cept for AlN and GaN having values around 5. [11] Also the requirements for the NW 
diameter and the distance between the NWs are usually fulfilled. The latter often due to 
the fact that single NWs removed from the substrates are used for the polarization de-
pendent PL measurements. However, the polarization effects are more complicated as 
the NW consists of segments with different crystalline structure. For example, low tem-
perature measurements have shown that in GaAs NWs with various WZ segments emis-
sion with polarization perpendicular to the NW axis is stronger. This is caused by the 
spatially indirect transition between ZB conduction band and WZ valence band. [107] 
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3. METHODS 
This chapter presents the methods used in this thesis. First, the MBE reactor and the 
growth of GaAs nanocrystals, the GaAs NWs and the GaAs/AlGaAs/GaAs core-shell 
NW heterostructures are presented. After that, the characterization methods, atomic 
force microscopy (AFM), scanning electron microscopy (SEM), X-ray diffraction and 
photoluminescence spectroscopy including the experimental setup are presented along 
the analysis methods.  
3.1 MBE growth 
All samples grown within this thesis were grown in VG Semicon V80 (referred as 10-2) 
and V90 molecular beam epitaxy reactors. The10-2 reactor, used for all NW and most 
of the droplet epitaxy growths, consists of three different vacuum chambers, fast entry 
lock, preparation chamber and growth chamber. The growth chamber is equipped with 
two gallium, one indium, aluminum and bismuth effusion cells and arsenic and antimo-
ny crackers with needle valves. For doping it has a gallium telluride effusion cell and a 
silicon and beryllium dual dopant cell. The material fluxes are measured with an ioniza-
tion gauge and calibrated to correspond to the growth rates by growing distributed 
Bragg reflector (DBR) samples with a cavity. Afterwards the reflectivity of the cavity 
sample is measured and compared to modelled structure giving the real layer thickness-
es of the grown sample. A pyrometer and a thermocouple are used to monitor the sub-
strate temperature.  
3.1.1 Droplet epitaxy of GaAs nanocrystals on Si 
NW growth procedure began with the growth of GaAs nanocrystals according to NW 
growth in lithography-free oxide patterns presented in chapter 2.4.4 The first objective 
of the droplet epitaxy growths was to optimize the droplet density to low 10
8
 cm
-2
 -
range. The first growths were conducted on p-type Si(111) substrates. Later n-type sub-
strates were used. Before introduction to the loading chamber the substrates were treat-
ed in 5 % aqueous HF solution for 10 s, rinsed with deionized water and blow dried 
with nitrogen. HF treatment removes the native oxide layer and creates a hydrogen ter-
minated surface indicated by strong hydrophobicity [112]. H-termination prevents oxi-
dation during the wafer loading procedure so the Si substrates are oxide free. Also dif-
ferent pre-treatment processes were tested namely Piranha, referred also as SPM in lit-
erature, and RCA 1. [112] Substrates protected with thermally grown oxide layer were 
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also used after etching the oxide completely away with HF solution. Details of the sam-
ples and their pre-growth treatments are presented in Table 2 in chapter 4.1. 
After the cleaning processes the substrates were immediately moved to the entry lock of 
the reactor to prevent oxidation. They were annealed at 275 
o
C in the preparation cham-
ber of the reactor in order to remove water. In the growth chamber the samples were 
further heated because annealing in temperatures over 490 
o
C removes the hydrogen 
from the substrate surface [113]. The annealing temperature was set between 650 and 
850 
o
C as measured by a thermocouple. The pyrometer readings and hence the real tem-
peratures are about 100-110 
o
C lower than the set point values so that for higher set 
point values the error is larger. For example set point temperature of 750 
o
C corresponds 
to pyrometer reading around 640 
o
C depending on the sample holder. The samples were 
held in the heat treatment temperature for 10 minutes before reducing the temperature to 
545 
o
C which was the temperature used for gallium droplet formation. Also tempera-
tures of 520
 o
C and 570
 o
C were tested in 10-2 reactor and 480
 o
C, 505 
o
C and 550 
o
C in 
the V90 reactor. The gallium flux corresponded to two dimensional growth rate of 0.1 
ML/s. The shutter was held open so that the Ga coverage θ corresponded to 0.19 nm 
(0.7 ML) planar growth of GaAs on a GaAs(100) substrate. Also smaller gallium 
amount (0.09 nm or 0.3 ML) was tested. Immediately after closing the gallium shutter 
the droplets were crystallized in the growth temperature in an arsenic flux correspond-
ing to V/III ratio of 23.5 for 0.1 ML/s growth rate.  The droplets were exposed to the As 
flux for ten minutes and the As valve was kept open during the cooling process until the 
thermocouple temperature reached 500 
o
C. 
The effect of various pre-growth treatments, different substrate types and pre-growth 
annealing temperatures on the droplet density was tested. Furthermore, nanocrystals 
were growths were performed in two different MBE systems in order to test the influ-
ence of possible trace elements. Most of the nanocrystal samples were grown in the 10-
2 reactor which is a 10-port VG V80 MBE system equipped with As and Sb cracker 
sources, and Ga, In, Al and Bi effusion cells, and GaTe, Si and Be dopant sources. The 
other system used for the droplet epitaxy is a VG V90 system, which does not have Sb, 
GaTe or Bi sources, but has been extensively used for growths with phosphorus. 
3.1.2 Growth of GaAs nanowires on Si 
A single NW sample was grown within the course of this thesis. This sample is referred 
as sample 4 in x-ray diffraction analysis. It was grown on GaAs nanocrystal sample 2 
which was oxidized in air and annealed in-situ before growth so the NW growth oc-
curred on lithography-free patterns in silicon oxide. [8] The GaAs nanocrystal density 
of the template was 6.28×10
8
 cm
-2
. The DE sample was annealed in 655 
o
C (750 
o
C set 
temperature as measured by a thermocouple) for 30 min in order to evaporate the GaAs 
nanocrystals and form holes in the SiOx mask. A 1 min Ga wetting in 640 
o
C followed 
the annealing. The Ga deposition rate corresponded to 0.29 ML/s (300 nm/h) two-
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dimensional GaAs growth on GaAs(100) substrate. The NW growth was initiated in the 
same temperature by opening the As cracker needle valve so that V/III ratio was 8.7. 
After 60 min the growth was stopped by closing simultaneously the Ga shutter and As 
cracker before reducing the substrate temperature. This was done to preserve the Ga 
droplets in the NW tips. 
Three NW samples (samples 1-3) used for XRD, growth rate determination and micro-
photoluminescence were previously grown similarly on a template with GaAs nanocrys-
tal density 1.6×10
8
cm
-2
. In the NW samples 1-3 the NW growth times were 5, 20 and 40 
min, respectively, and the Ga droplets were crystallized by exposing the samples to As 
flux during the cooling process. 
3.1.3 Growth of GaAs/AlGaAs heterostructure nanowires 
Two core-shell NW samples (B and C) consisting of a GaAs core, inner AlGaAs and 
outer GaAs passivation shells were grown in order to study their optical properties. The 
radial growth of the NW shells occurs under higher V/III ratio and lower growth tem-
perature which reduces the adatom migration length. Because of the reduced migration 
length, the growth rate of the shell structure is determined by the rate of straight adatom 
impingement to the NW sidewalls, which is governed by the growth chamber geometry. 
As the NW sidewalls are in 90
o
 angle with respect to the substrate surface, the straight 
adatom impingement rate differs from regular 2D growth. The flux impinging NW 
sidewalls can be determined from a geometrical consideration. From Figure 16 b) it can 
be seen that area where the material flux hits the NW sidewall (Asw) and the area where 
the flux would hit a corresponding planar surface (A2D) obey a relation 
 tan 𝛼 =
𝐴2𝐷
𝐴𝑠𝑊
,          (4) 
where α is the tilt angle of material sources. As the material flux is inversely propor-
tional to the area where it hits, the flux that hits the NW sidewalls fsw is given by 
𝑓𝑠𝑤 = 𝑓2𝐷tan 𝛼,         (5) 
where f2D is the flux on a planar substrate and α is the angle of the material source. In 
10-port VG Semicon V80 reactor used for NW growths the angle was measured to be 
between 35 and 36 degrees. Due to the sample rotation during the growth, one side of 
the NW is always shadowed which further decreases the average flux hitting the NW 
sidewalls and the radial growth rate. This effect is taken into account by time averaging 
the flux during rotation. 
〈𝑓𝑠𝑤〉 = 𝑓𝑠𝑤
∫ sin𝜃 d𝜃
𝜋
0
2𝜋
=
1
𝜋
𝑓2𝐷tan𝛼.      (6) 
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As the 2D growth rate is calibrated to correspond to certain group III material flux, the 
NW sidewall growth rate can be obtained from equation 6 by replacing the fluxes with 
growth rates. [92] Based on this consideration the axial growth rate is 22.7 % of the 
nominal 2D growth rate for a 10 port V80 reactor. 
 
 
Figure 16. Geometry of NW shell growth is presented in a). Angle α is the incidence 
angle of the adatom flux to the NW. Angle α is also the tilt angle of the material sources 
in the MBE reactor. In b) the areas, where the adatom flux hits during 2D growth A2D 
and sidewall growth Asw are presented. 
The cores of the core-shell NWs were grown in lithography-free oxide patterns de-
scribed in chapter 2.4.4. The density of GaAs nanocrystals forming the holes for the 
NW nucleation in the SiOx mask on the template was 1.6×10
8
 cm
-2
. The growth of these 
structures started by growing the GaAs core as described in the chapter 3.1.2. The core 
growth duration was 60 min. The axial growth of the core was then terminated by shut-
ting the Ga flux for 10 min under As flux. After the droplet consumption the tempera-
ture was reduced from 640 
o
C to 540 
o
C. The As flux was increased for the shell growth 
to correspond V/III flux ratio of 19.0. The shell composition was Al0.33Ga0.67As and the 
nominal AlGaAs growth rate was 450 nm/h (0.44 ML/s). The GaAs shell was grown by 
shutting the Al shutter and continuing the growth in the same conditions. The As valve 
was kept open during the cooling process until the thermocouple temperature reached 
300 
o
C. The shell thicknesses of the two core-shell samples are presented in Table 1.  
Reference sample without the shell structure is sample 4 presented in the previous chap-
ter of this thesis. It was used to compare the optical properties of the core-shell NWs 
with similarly grown sample of bare GaAs NWs.  
  
α
SiOx mask
GaAs core
AlGaAs shell
Adatom flux
Substrate
Adatom flux
α
A2D
Asw
a) b) 
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Table 1. Nominal and real thicknesses of the GaAs/AlGaAs core-shell heterostructure 
NWs are presented with the densities of GaAs crystals in the templates. 
Sample 
GaAs nano-
crystal density 
of the template  
(∙108 cm-2) 
Nominal 
thickness of 
AlGaAs shell 
(nm)  
Nominal 
thickness of 
GaAs cap 
(nm) 
Thickness of 
AlGaAs 
shell (nm) 
Thickness of  
GaAs cap 
(nm) 
A 1.62 125 25 25 5 
B 1.62 50 25 10 5 
4 6.28 0 0 0 0 
3.2 Characterization 
The first two characterization methods presented in this chapter, namely atomic force 
microscopy (AFM) and scanning electron microscopy (SEM) were mainly used to study 
the GaAs nanocrystals between the sample growths in order to obtain information for 
planning the next growths. SEM was also used to characterize the NW properties. X-ray 
diffraction and photoluminescence spectroscopy were used to characterize the material 
and optical properties of the NW samples grown before and within the course of this 
thesis. 
3.2.1 Atomic force microscopy  
An atomic force microscope (AFM) is a scanning probe microscope that has extremely 
sharp (<1 Å) vertical resolution. Hence, it is used to study surface morphology and 
roughness. It is also capable of measuring insulating surfaces unlike scanning tunneling 
microscope (STM) which is used to study not only surface morphology but also the 
electrical properties of the surface. The operation principle of the AFM is presented in 
Figure 17. It is based on measuring a force between a very thin tip and the sample sur-
face. The tip is attached to a small cantilever, which is moved with a piezo stack to scan 
the sample. [114] In this thesis the AFM is used in tapping mode, where the cantilever 
is oscillated near its resonant frequency above the sample. As the tip moves toward the 
sample, it is deflected. This affects the resonation of the tip which is measured using a 
laser beam reflected from the cantilever. The laser beam is detected with a quadrant 
photodiode where it moves from the upper to lower half as the cantilever oscillates. 
[115]  
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Figure 17. The working operation principle of an AFM in tapping mode which is used 
in this thesis. 
Digital Instruments Veeco Metrology group’s Dimension 3100 AFM was used to study 
substrate surface roughness in order to determine its influence on the droplet density. 
The microscope was used in the tapping mode. The AFM pictures were analyzed using 
WSxM software [116]. 
Three different measurement sets were conducted for surface roughness study. First a 
set of p-type Si(111) substrates with native oxide, etched with 5 % aqueous HF for dif-
ferent times from 0 s to 10 s, was studied in order to find a correlation between the HF 
etch time and the surface roughness. A second measurement set consisted of four drop-
let epitaxy samples grown with different pre-growth annealing temperatures in order to 
find correlation between the annealing temperature and the surface roughness. Another 
significant objective was to find relation between the nanocrystal density and the sur-
face roughness. The third set for roughness analysis samples consisted of n-type Si(111) 
substrates with a 30 nm thermal oxide layer etched in 5 % aqueous HF for various times 
from 65 s to 130 s.  
Furthermore, one droplet epitaxy sample grown on n-type substrate with thermal oxide 
etched in 5 % aqueous HF for 85 s had two populations of GaAs nanocrystals (sample 
19 in table 2). It was also studied with the AFM. The population of the large droplets 
had density in the desirable range whereas the population of smaller droplets was very 
dense. An AFM study was conducted to study the possibility that the smaller mounds 
might be SiOx instead of GaAs. This was done by etching a piece of this sample in 
aqueous HF 5% for 85 s and another piece in HCl:H2O2:H2O (1:1:1) for 10 s so that the 
possible SiOx mounds would have been removed from the first sample and the GaAs 
nanocrystals from the latter.  
Also a droplet epitaxy sample grown in the V90 reactor was scanned in order to com-
pare its surface roughness to the ones measured from samples grown in the 10-2 reactor. 
This was done in order to study the effect of Sb on the Si(111) surface roughness as the 
Photodiode
Laser beam
Cantilever
Oscillating tip
Sample
Piezo stack and 
scanner
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presence of Sb is known to cause mass transport on 7x7 reconstructed Si(111) surfaces 
forming 0,3 nm high Si islands and pits. [117] The islands and pits might be adequately 
large to affect the RSMs obtained from the AFM images.  
3.2.2 Scanning electron microscopy  
Scanning electron microscope (SEM) uses a focused electron beam to probe the sample 
surface. The electron beam is created in a heated filament, and accelerated and collimat-
ed by electric fields. The beam is scanned over the sample by using scan coils that pro-
duce a magnetic field which controls the beam. The electron beam requires vacuum 
conditions in order to stay collimated. As the electron beam hits the sample, two kinds 
of electrons are created. These are backscattered and secondary electrons. The backscat-
tered electrons are generated from the scanning electron beam by elastic scattering. The 
backscattering probability increases with the atomic number of the atoms within the 
sample. Hence, the backscattered electrons provide sharp elemental composition con-
trast. The secondary electrons are created by the scanning electron beam, backscattered 
electrons and other secondary electrons that have enough energy to free electrons from 
the outermost atomic shells of the sample material and even the structure of the micro-
scope. The secondary electrons created by the scanning electron beam before and after 
backscattering near the sample surface have sharp contrast on surface details. They are 
detected with an in-lens detector used for imaging in this thesis [118]. It is located in-
side the objective lens of the electron gun and hence detects electrons which are created 
directly on the beam path. As the objective lens of the SEM gathers the electrons to the 
in-lens detector the distance between sample and objective must be small, less than 
5mm but typically 3 mm is used. The SEM used for imaging in this thesis is Carl Zeiss 
Ultra-55. [118] 
SEM images were taken to characterize the GaAs nanocrystal samples. Nanocrystal 
densities were determined from the SEM images. ImageJ software was used to deter-
mine the area in each SEM image based on the pixel size given in information bar of 
each SEM image. WSxM 5.0 Develop 1.1 software [116] was used to determine the 
amount of GaAs nanocrystals in the image. The WSxM software is designed for charac-
terizing of scanning probe microscope images but can also qualitatively analyze depth 
information from grayscale SEM images in Tiff format as it interprets the color scale of 
the images as height. [116] 
Also NW samples were characterized using SEM. All samples were imaged for qualita-
tive analysis of amount of successful NWs, their morphology and parasitic growth. The 
XRD samples 1-3 grown 5, 20 and 40 min were imaged in 90
o
 angle to calculate the 
axial and radial growth rates of the NWs and incubation time before of the NW growth. 
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3.2.3 High resolution x-ray diffraction  
X-ray diffraction (XRD) is based on elastic scattering of x-rays. X-rays penetrate the 
studied crystal lattice and are scattered by atoms at different lattice planes. The scatter-
ing angles are treated a lattice plane family at a time. For example, the GaAs(100) lat-
tice planes produce high scattering intensity in a certain angle. When the x-rays scatter 
from consecutive lattice planes they have to travel different distances inside the studied 
material. If this difference in the optical paths of the x-rays is a multiple of the x-ray 
wavelength, the x-rays are in the same phase as they exit the material. This condition 
produces constructive interference. This is called Bragg reflection and it is schematical-
ly illustrated in Figure 18, and mathematically in Equation (7) called Bragg’s law. The 
distance between consecutive lattice planes dhkl can be determined from Bragg’s law  
  2𝑑ℎ𝑘𝑙 sin(𝜃𝐵) = 𝑛𝜆,        (7) 
where θb is the angle of Bragg reflection, λ the x-ray wavelength and n an integer. [119] 
 
Figure 18. The phase shift between x-rays diffracted from different lattice planes sepa-
rated by dhkl equals a multiple of wavelengths. Hence constructive interference is ob-
served at the diffraction angle θ. The dashed lines represent wavefronts. 
High-resolution x-ray diffraction (HR-XRD) used in this thesis is also based on the 
Bragg reflection. The differences between HR-XRD and regular XRD are technical. For 
instance, in Philips PANanalytical X’Pert PRO x-ray diffraction system, which is used 
in this thesis, a four-crystal germanium single crystalline monochromator produces 
highly monochromatic x-rays. It produces x-rays from Cu-Kα1-line emission at 
1.540593 Å wavelength. Also the angular resolution of the goniometer controlling sam-
ple movements is high, 0.0001
o
. [120]  
The XRD spectra measured in this work are lower resolution open detector and high 
resolution triple-axis omega-2theta (ω-2θ) scans. In the triple-axis measurement a slit is 
placed in front of the detector. The open detector scans provide higher intensity whereas 
the triple-axis measurement enables high angular resolution. The alignment of the x-ray 
source, the sample and the detector is presented in Figure 19. The angle ω is the angle 
between the incident beam and the sample. 2θ is the angle between the incident beam 
and the detector. In an asymmetric scan the sample is tilted an amount indicated by the 
dhkl
θθ
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offset and hence the scattering angle is not symmetric with respect to the substrate nor-
mal. If the offset is zero the scan is called symmetric. Relation 
  𝜔 =
2𝜃
2
+ 𝑜𝑓𝑓𝑠𝑒𝑡         (8) 
links the angles. Triple-axis ω-2θ scan enables scanning of multiple adjacent Bragg dif-
fraction peaks with high resolution. Hence WZ and ZB reflections can be separated 
more accurately from the XRD-spectra obtained this way. [119] 
 
Figure 19. The x-ray source and detector are mounted on a perimeter of a goniometer 
circle. The sample is mounted on a rotating cradle in the middle of the circle. During ω-
2θ scan the detector moves along the circles perimeter with twice the angular velocity 
of the sample rotation. 
Presenting the Bragg diffraction as a momentum transfer of the x-rays is convenient in 
order to understand the reciprocal space maps (RSMs), which are used to further study 
the crystalline structure of the NWs. This representation is illustrated in Figure 20. The 
incident beam wave vector kinc determines the Ewald sphere so that kinc originates in the 
center of the sphere and its length determines the sphere radius. Also the diffracted 
beam wave vector kdiff is set end to the perimeter of the Ewald sphere. The momentum 
transfer between these two wave vectors is described by vector Q=Qy+Qx. The momen-
tum transfer in direction of the sample normal is denoted by Qy and parallel to the sam-
ple by Qx. The Q vector is originated in the origin of reciprocal space of the studied ma-
terial. Diffraction occurs when it hits a reciprocal lattice point h as illustrated in Figure 
20. 
X-ray source
Sample
2θ
ω
Offset
Detector
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Figure 20. Reciprocal lattice points of a relaxed Si/Ge crystal on (001) direction are 
combined with the (Qx,Qy) plane. The range of visible reciprocal lattice points is deter-
mined by the radius of the Ewald sphere. The two lower semicircles are not accessible 
due to incident or diffracted beam ending up to a transmission region. The ω-2θ, ω and 
2θ scans are illustrated by a, b and c respectively. [121]   
An ω or rocking curve scan is obtained by scanning ω while holding 2θ as a constant. 
This creates an arc with origin at (Qx, Qy) = (0, 0) and radius |Q|. An arc of Ewald sphere 
can be scanned by changing 2θ. The combination of these two is an ω-2θ scan which is 
used in this thesis. It scans a straight line pointing away from the origin of the reciprocal 
space. In an asymmetric ω-2θ scan the offset determines the scan direction in the recip-
rocal space. In the ω-2θ scanning procedure, 2θ changes 2Δω when ω changes Δω. 
Hence, the offset remains constant. A scan along the Qy axis is a symmetric ω-2θ scan 
obtained using zero offset. All these scans are presented in Figure 20. The ω and ω-2θ 
scans are presented in the RSM of Figure 21. 
A RSM is created by conducting various ω-2θ scans with different offset values. A 
RSM of a Si(111) reciprocal lattice point is illustrated in Figure 21. An area of RSM is 
illustrated as small regions around (004) and (224) reciprocal lattice points in Figure 20. 
RSMs enable studying of the x-ray momentum transfer in the direction of the sample 
surface and the surface normal using the same graph. Hence, avoiding distortions in 
obtained lattice constant values caused by wrong offset value is possible using RSMs. 
[119] 
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Figure 21. Reciprocal map of Si(111) reflection with dashed lines marking ω-2θ and ω 
scans. Notice that the ω-2θ scan is not parallel to Qy axis and the ω scan is a curve, not 
a straight line. The shape of the Bragg peak consists of mosaicity and sample, detector 
and monchromator streaks marked with ovals. 
 
The Bragg peaks measured in this work [Si(111), ZB GaAs(111) and WZ GaAs(0002)] 
are parallel to the Si(111) direction of the substrate. Hence symmetric ω-2θ scans 
should be adequate to analyze the ZB and WZ GaAs lattice parameters. However, the 
parallelism may be broken by substrate bending or directional imperfection, sample 
alignment, mounting or mosaicity of the NWs. Mosaicity means small (≤ few 0.1o) vari-
ations in the directions of the lattice planes. Larger variations are referred as texture.  In 
case of NWs it means that the NWs are slightly tilted in different directions. Hence, the 
in-plane component of the momentum transfer is denoted by Qx is also important. [119] 
Equation 
𝑄𝑦 = 𝑅[sin 𝜔 + sin(2𝜃 − 𝜔)] =
𝜆
2𝑑ℎ𝑘𝑙
,   (9) 
where R is the radius of Ewald sphere (0.5) and λ is the x-ray wavelength, is used to 
transform the instrumental ω and 2θ into Qy. This equation is used in X’pert Epitaxy 
software used to analyze the RSMs. Usually, R=k /λ form, where k is some constant is 
used [119] Also, the distance between consecutive lattice planes dhkl in the direction of 
the sample normal is obtained from equation 9. 
NW samples 1-4 were characterized using open detector and triple-axis ω-2θ scans and 
RSMs. NW samples 1-3 had crystallized Ga droplets whereas the droplets of sample 4 
were preserved during the growth. The droplet crystallization is supposed to create ZB-
WZ stacking faults as the V/III ratio varies. Hence, visible WZ reflection is expected to 
be seen in samples 1-3 but not in sample 4 [122; 123].  
Also the WZ GaAs lattice constant c is determined. The distance between the WZ(0002) 
lattice planes dhkil is obtained from Equations 7 and 9 using measured XRD spectra or 
Qy
Qx
ω scan
ω-2θ scan 
Detector streak
Monchromator streak
Sample streak
Mosaicity/Texture
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RSMs. In the hexagonal structure the lattice constants a and c are obtained from equa-
tion 
  
1
𝑑ℎ𝑘𝑙
2 =
4
3
(
ℎ2+ℎ𝑘+𝑘2
𝑎2
) +
𝑙2
𝑐2
,        (10) 
where dhkl is the distance between lattice planes and (hkil) is converted into (hkl) using 
  𝑖 = −(ℎ + 𝑘).         (11) 
Equation 11 is obtained from the symmetry of the (000l)-planes of the hexagonal struc-
ture. For cubic structures the lattice constant a is obtained using equation [119] 
 
1
𝑑ℎ𝑘𝑙
2 =
ℎ2+𝑘2+𝑙2
𝑎2
.         (12) 
3.2.4 Photoluminescence spectroscopy 
The basic theory of photoluminescence (PL) spectroscopy is presented in Chapter 2.6. 
Two PL measurement setups were used within the course of this thesis. A commercial 
Accent RPM2000 PL mapper was used for room temperature PL measurements. A mi-
cro-photoluminescence (µ-PL) setup was used for temperature and power dependent PL 
measurements. Also the photonic properties of core-shell NWs were investigated using 
the µ-PL setup. 
In the µ-PL setup the sample was cooled with a liquid helium cryostat in vacuum. A 
heater controlled the sample temperature. The PL emission was detected using a Peltier 
cooled 2D CCD detector. The 2D detector enables creating spectral images. The PL 
light enters the monochromator through a narrow (100 µm) slit. The axis along the slit 
is the y-axis of the spectral image. In the monochromator the light is reflected by a grat-
ing which disperses it into a spectrum. This spectrum hits the 2D detector forming the 
x-axis of the spectral image. In order to locate NWs on the sample the monochromator 
slit can be widened and the grating replaced by a mirror. This creates a 2D image of the 
sample surface. A xyz-piezo stage controls the sample location in x-y direction and the 
focus in z-direction. 
The power and temperature dependent µ-PL measurements were conducted using as-
grown samples 1-4 with standing NWs still attached to the Si(111) substrates. Growth 
of these samples is presented in chapter 3.1.2. Spectra from individual NWs was ob-
tained by cropping small areas in y-direction of the detector. NWs were excited using 
640 nm pulsed (80 MHz) laser excitation. Maximum output power of the laser was 9.5 
mW. The excitation laser spot diameter was 20 µm. One spot of each sample with sev-
eral NWs cropped in y-direction was measured. 300 µW excitation power was used for 
the temperature dependent measurements. 
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4. RESULTS AND DISCUSSION 
This chapter presents the results of this thesis. First sub-chapter presents the growth of 
the GaAs nanocrystals along with characterization using AFM and SEM. After this, the 
growth of the NWs is presented. The NW characterization is divided into four sub-
sections. The HR-XRD analysis is discussed in the first sub-section presenting the open 
detector and the triple-axis scans alongside with the RSMs. The room temperature PL 
measurements of the bare and the core-shell NWs are then discussed. The µ-PL meas-
urements of the bare GaAs NWS and the GaAs/AlGaAs core-shell NWs are presented 
in the last two sub-sections. 
4.1 GaAs nanocrystals 
The GaAs droplet epitaxy samples grown within the course of this thesis are presented 
in Table 2 in chronologic order along with the growth parameters. These include the 
substrate type, the pre-growth treatments, the in situ annealing temperature and the Ga 
deposition temperature. Samples 1-19 are grown in the 10-2 reactor and samples 20-22 
are grown in the V90 MBE reactor. The nanocrystal densities of the samples grown in 
the 10-2 and V90 reactors are presented graphically in Figures 22 and 26, respectively. 
The sample holders were chemically cleaned before growth of sample 5. Samples 19, 21 
and 22 have two nanocrystal populations and the given density is the density of the 
larger nanocrystals. 
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Table 2. Droplet epitaxy samples grown within the scope of this thesis. The substrates 
used for the growth were either p- or n-type doped, and some of them had a protecting 
thermal grown oxide (TO), which was removed prior to growth. Furthermore, the pre-
growth chemical treatment, pre-growth annealing and Ga deposition temperatures, 
GaAs coverage (θ) in nanometers of corresponding planar growth and GaAs nanocrys-
tal density are given for each sample. The samples with nanocrystal densities in desira-
ble range are bolded and the first growths of the day are italicized. Samples 1-19 are 
grown in the 10-2 reactor and samples 20-22 in the V90 reactor. 
Sample 
number 
Substrate 
type 
Reactor 
Pre-growth 
chemical treat-
ment 
Annealing 
T (°C) 
Ga  
deposition 
T (°C) 
θ (nm) 
Droplet densi-
ty (∙108 cm2) 
1 p 10-2 10s HF dip 640 545 0.19 28.3 
2 p 10-2 10s HF dip 665 545 0.19 6.28 
3 p 10-2 10s HF dip 600 545 0.19 52.5 
4 p 10-2 10s HF dip 545 545 0.19 61.1 
5 p 10-2 5 s HF dip 640 545 0.19 10.9 
6 p 10-2 10s HF dip 640 545 0.19 29.4 
7 p 10-2 10s HF dip 640 545 0.19 23.3 
8 p, TO 10-2 85 s + 5 s HF dip 640 545 0.19 1.53 
9 p 10-2 Piranha + RCA1 640 545 0.19 13.2 
10 p 10-2 RCA1 640 545 0.19 19.5 
11 p, TO 10-2 85 s + 5 s HF dip 640 570 0.19 1.50 
12 p, TO 10-2 85 s + 5 s HF dip 640 520 0.19 35.1 
13 p, TO 10-2 85 s + 5 s HF dip 640 545 0.09 28.3 
14 p 10-2 10s HF dip 700 545 0.19 2.77 
15 p 10-2 10s HF dip 715 545 0.19 18.4 
16 p, TO 10-2 85 s + 5 s HF dip 715 545 0.19 28.4 
17 n 10-2 10s HF dip 700 545 0.19 17.2 
18 n 10-2 10s HF dip 715 545 0.19 6.85 
19 n, TO 10-2 85 s + 5 s HF dip 700 545 0.19 0.409 
20 p V90 10s HF dip 671 552 0.19 0.219 
21 p V90 10s HF dip 685 505 0.19 0.734 
22 p V90 10s HF dip 672 480 0.19 1.398 
Initially the surface roughness was suspected to be the reason for the high nanocrystal 
densities of samples 1-4 because the pre-growth heat treatment temperature had an ef-
fect on the density as seen in the trend line marked in Figure 22. The high temperature 
annealing is known to alter the Si surface reconstruction which may lead to smoothen-
ing of initially rough surface. [113]  
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Figure 22. Droplet densities of the samples grown in the 10-2 reactor are presented as 
a function of pre-growth annealing temperature. The first growth series is connected 
with a line to illustrate the effect of the annealing temperature. These samples were 
grown on same kind of substrates in similar conditions. Also the pre-growth treatment 
and the substrate type are presented.  
Because the effect of the heat treatment temperature affected the nanocrystal densities, 
the surface roughness of p-type Si(111) substrates was studied as a function of the HF 
(5%) etch duration using AFM. The results are shown in Figure 23. As seen in Figure 
23 the results are scattered and roughness shows no dependence of the HF etch duration. 
The exceptionally low value of roughness for 2 s HF dip is due to low resolution image 
caused by resonation disturbance from control unit of the AFM. Furthermore, the reso-
nation probably partially dulled the AFM tip inducing lower resolution images for long-
er etch times. Therefore, no correlation between the HF etch duration and the root mean 
square (RMS) roughness of the p-type Si(111) surface could be detected with the AFM. 
 
Figure 23. RMS roughness of p-doped Si(111) surface presented as a function of the 
HF (5%) etch duration. 
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As the HF dip duration did not affect the surface roughness the DE samples 1-4 were 
measured with the AFM in order to see the effect of the pre-growth annealing tempera-
ture on the surface roughness. Later sample 20 grown in the V90 reactor was measured 
similarly in order to study the effect of possible Sb contamination in the 10-2 reactor 
considered later in this chapter. The evidence of relation between the annealing temper-
ature and the surface roughness was small but detectable as presented in Figure 24 a). 
Also the droplet density showed clear dependence of the RMS roughness as illustrated 
in Figure 24 b). Based on this result higher pre-growth annealing temperatures were 
favored in the latter growths starting from sample 14. 
 
Figure 24. Surface RMS roughness and GaAs nanocrystal densities of samples 1-4 and 
20 are presented as a function of heat treatment temperature in a). In b) the dependence 
between the surface roughness and nanocrystal density is illustrated. 
In addition to annealing temperatures also different Si(111) surface and pre-growth 
treatments were tested with a growth series of samples 8-10. Sample 8 had nanocrystal 
density in the targeted range. It was grown on n-type Si(111) substrate covered in ther-
mal grown oxide and etched in 5 % aqueous HF for 85 s in cleanroom and 5 s just be-
fore loading to the reactor. The two other surface treatment methods, piranha and RCA1 
cleaning [112] conducted on p-type Si(111) substrates with no thermal oxide did not 
reduce the nanocrystal density. Hence, they were not further studied and an AFM study 
of HF etch times’ effect on the Si(111) surface covered in thermal grown oxide was 
conducted. The measurements of the n-type Si(111) substrates with a 30 nm thermal 
oxide etched for 65 s to 130 s in 5 % aqueous HF solution showed no relationship be-
tween the surface roughness and the HF treatment duration as presented in Figure 25. 
The RMS roughnesses were typically under 0.2 nm and there were no objects to use for 
focusing the AFM. Hence, the resolution of the images varied significantly. Analysis 
with WSxM software [116] showed that lower resolution images led to higher values of 
roughness. Still it can be concluded that different HF etch times do not cause large sur-
face roughness variations. However, the surface roughnesses were higher compared to 
the ones obtained for the p-type substrates with no thermal oxide (Figure 23). This is 
either caused by the slightly dulled tip used to measure the p-type substrates or surface 
roughening caused by the thermal grown oxide. 
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Figure 25. Roughness of n-type Si(111) substrates with 30 nm thermal oxide presented 
as a function of HF (5%) etch time. 
When more samples were grown a remarkable trend within the days’ growth series was 
found. All of the samples from 10-2 reactor with desirable nanocrystal density (the 
bolded samples in table 2) have been grown as first growths of the day, in the same 
sample holder except for sample 18. It should be noted that sample 5 is not comparable 
to the other samples because of the short 5 s HF etch time. The hydrophilicity of the 
substrate after HF etch suggested that the native oxide had not been completely re-
moved. Hence, it can also be stated that all of the samples grown as the first growths of 
the day had nanocrystal density in the desirable range as long as the pre-growth chemi-
cal treatment had succeeded in removing the oxide from the substrate surface. In some 
cases, the first samples of the day were degassed overnight in 275 
o
C in the preparation 
chamber of the reactor. However, this is not the case for all of them and no data of sam-
ple loading or degassing times in the preparation chamber times exists. However, some 
of the substrates were loaded in the morning just before growths excluding the possibil-
ity of slow evaporation of some crucial impurity. 
A possible explanation for superiority of the first samples of the day is the arsenic back-
ground pressure left from the crystallization of the first sample. The growth chamber 
was typically in pressure range of 10
-9 
or 10
-10 
mbar in the morning and in 10
-8 
mbar 
range while loading the second and third samples of the day. As4 is known to form a 
stable and passive Si(111)As: 1x1 surface with no dangling bonds in temperatures cor-
responding to the idle temperature of the 10-2 reactor’s manipulator. Removing of the 
As monolayer from the Si(111) surfaces requires annealing in temperatures over 700 
o
C. 
[124] This temperature may differ from 10-2 and V90 reactors’ pyrometers with over 20 
o
C because they use GaAs emissivity value whereas pyrometers used for publications 
concerning Si surfaces probably use Si emissivity. If the background pressure has been 
adequate As source for formation of the monolayer it most likely has been present in all 
of the growths. However, the presence of the passivation layer cannot be confirmed and 
its’ effect on the droplet epitaxy process is not known. Also phosphorus is known to act 
similarly to As on the Si(111) surface [125]. Based on [129] the presence of N pas-
sivation layer increases the Ga droplet densities significantly. If As and P have similar 
effect on Ga droplet epitaxy the surface passivation is a plausible cause for the unsuc-
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cessful second and third growths of the day. If the As or P coverage would emerge from 
the sample holder and the manipulator its’ effect would be seen in all of the growths, 
also in the V90 reactor. Based on this the possible As source is the background pressure, 
not contamination of the sample holders and the manipulator. In addition the sample 
holder cleaning before sample 5 did not have a clear effect on the nanocrystal densities.  
As shown in Figure 26, the GaAs nanocrystal densities of the samples grown in the V90 
reactor depend exponentially on the Ga deposition temperature which is expected due to 
the thermally activated Ga adatom diffusion [30]. This predicts good repeatability 
which was further confirmed in growths that are not included in this thesis. Different 
sample holders (also 3x2” sample holders), various pre-growth annealing and Ga depo-
sition temperatures were tested in these growths. The droplet densities obtained in were 
consistent with the results presented in the Figure 26. Furthermore, nanocrystal densities 
showed no dependence on the sequence of growths of the day. These observations make 
the effect of the As background pressure very questionable. 
 
Figure 26. a) Arrhenius plot of GaAs nanocrystal densities as a function of Ga deposi-
tion temperature for samples 20-22 grown in the V90 reactor. The dashed line is an 
exponential fit of the data. b) The dependence of nanocrystal diameter and estimated 
GaAs coverage on the Ga deposition temperature.  
 The nanocrystal density follows an exponential law  
𝜌(𝑇) ∝ 𝑒
𝐸𝑎
𝑘𝐵𝑇,         (13) 
where Ea is thermal activation energy, kB is the Boltzmann constant 8,617∙10
-5
 ev/K and 
T is the Ga deposition temperature. [126] The activation energy obtained from the fit on 
the droplet densities in the samples 20-22 is 1.3 eV, whereas the activation energy for 
Si(100) surface used in [126] is only 0.22 eV. Even though the different surfaces are not 
straightforwardly comparable, the larger activation energy explains why our droplet 
epitaxy process requires higher temperatures than in [57]. The activation energy might 
be related to the effect of group V presence on the substrate surface during the Ga drop-
let deposition. Even though the droplet densities are significantly reduced by growth in 
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the V90 reactor they are still higher than in [126]. This improvement in the nanocrystal 
density and its’ exponential dependence on the Ga deposition temperature suggests that 
the Sb contamination in the 10-2 reactor has indeed been detrimental to the droplet epi-
taxy procedure. This is further confirmed by the surfactant effect of Sb. The presence of 
Sb is known to induce growth of smaller and denser quantum dots on GaAs surfaces. It 
also suppresses three-dimensional growth on Si surfaces. [127] The latter is explained 
by the motion of Si(111) surface that forms bi-layer thick Si islands and pits under the 
presence of Sb. [117] Initially sample holders and manipulator were suspected to form 
the source of Sb in the 10-2 reactor. However, the effect of Sb would also be seen in the 
first growths of the day if the contamination source was the manipulator. Also, the 
cleaning of sample holders before sample 5 did not affect the nanocrystal densities. Af-
ter the growths in the V90 reactor the major source of the Sb contamination in the 10-2 
reactor during the growths was found to be the Sb cracker itself. In addition to Sb nee-
dle valve the Sb flux can be blocked by a manual shutter which was not used during the 
growths because no apparent Sb leakage had been noticed before. However, closing the 
Sb shutter was found to reduce the base pressure of the growth chamber up to 9 % when 
all the cells were in their idle temperatures indicating a minor Sb leak into the growth 
chamber. The effect of Sb is further supported by the substrate smoothening observed in 
the AFM measurements (Figure 24). As the pre-growth annealing temperature is in-
creased smoother surfaces and lower nanocrystal densities are obtained. Furthermore, a 
discontinuity in this trend is found between the samples grown in the 10-2 and V90 re-
actors. The surface of the sample grown in V90 reactor was found to be significantly 
smoother than the ones grown in 10-2 reactor. This is expected as the presence of Sb on 
Si(111) surface is known to induce Si mass transport and surface roughening. [117] 
In addition to the nanocrystal densities also their diameters were studied from the SEM 
images of samples grown in the V90 reactor. The nanocrystal diameters show almost 
linear dependence on the Ga deposition temperature as seen in Figure 26 b). As the 
nanocrystal density decreases their size increases. Their volume was estimated by ap-
proximating the nanocrystals as hemispheres. By multiplying the estimated nanocrystal 
volume with their density an estimation of GaAs coverage θ is obtained [Figure 26 b)]. 
The obtained GaAs coverage corresponds to 0.22 nm of 2D GaAs growth on GaAs(100) 
surface. The value of GaAs coverage is close to the nominal coverage 0.19 nm. This 
means that the Ga amount in the nanocrystals remains constant in different temperatures 
and no Ga desorption occurs in the temperature range used for Ga deposition. 
The effect of the nanocrystal crystallization temperature should be also considered. Our 
nanocrystals are crystallized in Ga deposition temperature whereas in [57; 72; 126] they 
are crystallized in 150 
o
C. The reduced nanocrystal densities in the samples grown in 
the V90 reactor show, that the crystallization temperature is not the factor causing the 
inconsistency in the nanocrystal densities in the samples grown in the 10-2 reactor. 
However, it might still affect the densities as the samples grown in the V90 reactor ex-
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hibit higher densities as presented in [57; 72; 126]. The crystallization temperature 
might also be the reason for the bimodal nanocrystal size distributions found in samples 
19, 21 and 22 [Figures y+3 and k b)]. All samples with bimodal size distributions have 
small nanocrystal densities. However, not all samples with small densities (sample 20) 
have bimodal size distribution. The low crystallization temperature could prevent the 
formation of the bimodal size distribution by preventing the Ga diffusion between drop-
lets during the crystallization. Another plausible reason for the bimodal size distribu-
tions is the effect of As or P on the Si(111) surface. Additional AFM studies were con-
ducted for sample 19 with bimodal size distribution. One piece of the sample was 
etched in HCl:H2O2:H2O in order to remove GaAs and other in HF 5% in order to ex-
clude the possibility that smaller mounds were SiOx instead of GaAs. Flattened and con-
trast modified AFM image of the sample 19 after etch in HF 5% for 10 s is presented in 
Figure 27. It shows that the smaller mounds are preserved and hence the possibility that 
they consist of SiOx is excluded. The HCl:H2O2:H2O etch removed all mounds from the 
substrate showing that they are GaAs. Also the hexagonal shape and triangular top facet 
of the larger crystal can also be. 
 
Figure 27. An AFM image of DE sample 19 etched in 5 % HF solution for 85 s shows 
two nanocrystal populations. The contrast of the image is modified.  
The shape of the nanocrystals was studied using the SEM images. The nanocrystals in 
high density samples are typically oval [Figure 28 c)}, whereas the nanocrystals in sam-
ples with appropriate densities [Figure 27 and Figure 28 a) and b)] have typically more 
symmetric hexagonal crystals. Initially high crystallization temperature compared to 
[57; 72; 126] was considered a possible explanation for the different nanocrystal shapes. 
The smallest density where most nanocrystals seem to be oval is 6.85∙108 cm-2 of sam-
ple 18. However, oval shaped nanocrystals are also present in less dense samples as 
seen in Figure 28 c). The small nanocrystal size is a plausible cause for the oval shape 
of the nanocrystals as larger nanocrystals are typically hexagonal, whereas smaller 
nanocrystals are elongated hexagons and the smallest nanocrystals found in samples 
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with bimodal size distribution are triangular [Figure 28 b)]. The nanocrystal size is 
known to affect the faceting of the crystals and hence possibly their shape [128]. The 
effect of nanocrystal size was tested by growing a sample with small density of small 
nanocrystals in the V90 reactor by depositing significantly smaller amount of Ga on the 
substrate before crystallization. This sample is not presented in this thesis but the nano-
crystals are elongated hexagons indicating that the shape of the nanocrystals is size de-
pendent. 
 
Figure 28. Typical SEM image in a) is a typical image in determination of droplet den-
sities. Images of single nanocrystals in b) and c) illustrate the symmetric and oval 
shapes of the nanocrystals. Also the bimodal size distributions can be seen in a) and b).  
Images a) and b) are from sample 21 and c) from sample 14. Scale bars are in a) 2 µm 
and 100 nm in b) and c) 20 nm. 
4.2 Nanowires 
Top-view and tilted SEM images of the NW sample 4, for which the growth duration 
was 60 min, are presented in Figure 29. The average length of the NWs was 4.36 µm 
and width 140 nm as determined from the SEM images. The NWs are vertical and 
grown with high yield as qualitatively seen on the SEM images. Although, some tilted 
NWs are observed. The heights and widths of the NWs seem to be homogeneous which 
is expected in the NW growth on lithography free oxide patterns on Si(111) surface [8]. 
On the bare Si surface also some parasitic growth is observed. Its amount is similar to 
growths on Si(111) surface covered in native oxide [69; 83] and small compared to 
droplet epitaxy based growth method on a Si(111) substrate with no oxide layer [69; 
72]. 
T2408, 100 nm
R1832, 100 nm
R1832, 2000 nm
a) b)
c)
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Figure 29. A top-view a) and 30 
o
C tilted b) SEM images of the NW sample grown for 
this thesis (XRD sample 4). The scale bars correspond to 1 µm.  
The axial and radial growth rates of NWs were determined from the data in Figure 30 
presenting cross-sectional SEM images of NW samples 1-3, for which the growth dura-
tion was 5 min, 20 min and 40 min respectively. No Ga droplets are observed on the 
ends of the NWs because they were consumed by exposing the NWs to As flux after the 
NW growth. The axial growth rate was 5.34 µm/h (89.0 nm/min) and the radial growth 
rate 2.2 nm/min. The incubation time before the NW growth beginning was 68 s. The 
growth rate differs from the sample 4 that had growth rate 4.36 µm/h. The samples 1-3 
were grown on 1/6 of a 2” droplet epitaxy template whereas sample 4 was grown on a 
whole 2” template. This causes slight differences in the temperature distribution along 
the sample which might affect the NW growth rate. However, slightly different As flux 
is a more probable cause for smaller growth rate of sample 4 because the group V flux 
is the parameter affecting most on the NW growth rate and the reactor’s ion gauge used 
for flux measurements was not completely reliable during the time of the growth of the 
sample 4. [66; 71] Also the droplet crystallization lengthens the NWs causing higher 
growth rate values for samples 1-3. 
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Figure 30. Cross-sectional SEM images of NWs grown for 5 min, 20 min and 40 min 
are presented in a) to c) respectively. The scale bars correspond to 200 nm in a) and b) 
and 1 µm in c). Average values of NW length and diameter are obtained from 20 to 50 
NWs using cross sectional SEM images. The data is presented as a function of the 
growth duration in d) with standard deviation and linear fits. 
4.2.1 X-ray diffraction 
Theoretical diffraction angles for Si(111) surface and for ZB(111) and WZ(0002) GaAs 
are calculated using equations 7, 10 and 12 and presented in table 3. Si and ZB GaAs 
lattice constants are taken from [11]. The WZ GaAs lattice constant c varied significant-
ly depending on a source and the manner it had been obtained. Maximum and minimum 
values that were found are 6.67845 Å [130] and 6.407 Å [131], respectively. These val-
ues are obtained using different computational methods. According to more recent stud-
ies where NW XRD has been measured the WZ lattice constant is found to be greater 
than the ZB lattice constant [122; 123]. 
Table 3. Calculated x-ray diffraction angles in NW growth direction for Si(111), ZB and 
WZ GaAs for maximum and minimum lattice constant values. 
Material Si ZB GaAs 
WZ GaAs 
max. c 
WZ GaAs 
min. c 
Lattice constant (Å) 5,431 5,65325 6,67845 6,4070 
h k i l 1 1 1 1 1 1 0 0 0 2 0 0 0 2 
dhkl 3.13559 3.26391 3.33923 3.20350 
Diffraction angle ω-2θ 
(deg) 
14.22098 13.65084 13.33718 13.913376 
The lower resolution open detector XRD ω-2θ curves of samples 1 to 4 are presented 
alongside with an open detector RSM of sample 4 in Figure 31. The ZB and WZ dif-
fractions can be clearly separated in the curves of samples 1, 2 and 3. Based on this data 
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the GaAs peaks seem to shift with respect to the Si reflection. Also the Si reflection is 
broadened in the spectra of samples 2 and 3. This is probably caused by the significant 
peak broadening seen in RSM in Figure 31 b), where extremely broad detector streak is 
seen in the Si(111) reflection. If the curves are optimized to different ω values the dis-
tance between the broad GaAs peak and Si(111) peak changes. 
 
Figure 31. Open detector X-ray diffraction curves for samples 1 to 4 are presented in a) 
from bottom to top respectively. Also ZB GaAs diffraction angle according to [11] is 
marked. The intensity scale is logarithmic and spectra have been offset by factor of ten. 
Open detector RSM of sample 4 is seen in b). The detector streak broadens the Si(111) 
peak significantly. 
Triple-axis measurements provide higher angular resolution with the expense of the 
intensity. As shown in Figure 32, ZB GaAs XRD peaks are exactly at the same angle 
for all samples, unlike in the measurements performed with the open detector (Figure 
31. The diffraction angles are also consistent with the theoretical values of ZB GaAs 
lattice constant. Due to the weaker intensities compared to the open detector measure-
ment, only small indications of WZ phases were found. A small separate peak can be 
seen in the curves of samples 2 and 3 in Figure 32. This is associated with WZ segments 
that are long enough to adopt the WZ lattice constant. Another indication of WZ is the 
broadening of the ZB GaAs peak to the WZ side of the peak. This broadening is on sim-
ilar level in all of the curves and also seen in the RSMs in Figure 33. The broadening is 
probably related to stacking faults and other extremely narrow WZ segments that only 
slightly affect the lattice constant of almost phase pure ZB NWs [12; 123]. Also almost 
no GaAs peak is observed from NWs in the sample 1. Hence, determination of the WZ 
lattice constant was impossible based on these measurements.  
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Figure 32. Triple axis XRD measurements of NW samples 1 to 4 from bottom to top 
respectively. No shift in ZB GaAs peak is detected with respect to the Si(111) peak. ZB 
GaAs diffraction marked according to [11] 
The peaks in RSMs measured using open detector were significantly broadened as seen 
in Figure 31 b). Hence, RSMs of samples 1-4 were measured also using triple-axis 
scans (Figure 33). The triple-axis RSMs are calibrated to correspond the literature value 
of Si(111) reflection [11].They show that the NW peaks are spread in the Qx direction. 
This indicates mosaicity which is probably caused by slight random tilts of the NWs 
with respect to the substrate crystal. [119] In the RSM of sample 4 [Figure 33 a)] with 
preserved Ga droplets in the NW tips no WZ peak is observed. However, clear low in-
tensity reflection in the region corresponding to WZ is seen on RSMs of samples 3 and 
2 [Figure 33 b) and c)]. This indicates that the largest WZ segments are most likely cre-
ated during the crystallization of Ga droplets as the local group V partial pressure in-
creases. [122] Another possible explanation for different wurtzite composition is differ-
ent growth conditions. Sample 4 is grown on a whole 2 inch substrate whereas samples 
1 to 3 were grown on a scribed 1/6 2 inch substrate. In terms of the pyrometer reading 
and the V/III ratio, the growth conditions were identical, although the flux meter read-
ing could not be completely trusted. Larger group V partial pressure, which might cause 
formation of stacking faults and WZ segments, should increase the NW growth rates. 
However, judging from the growth rates the growth conditions were almost identical for 
samples 1-3 and 4. Hence, the growth conditions are only slightly different and very 
unlikely the source of WZ phases seen in the RSMs of samples 1-3 [Figure käänteishil-
kartta2 b)-d]. [70; 71; 122] 
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Figure 33. Si(111), ZB GaAs(111) and WZ GaAs(0002) Bragg peaks are marked as 
dashed lines in the RSMs of samples 4-1 in a) to d) respectively. The RSM coordinates 
were adjusted to correspond the theoretical Si(111) Bragg peak. 
Lattice constant values for ZB and WZ GaAs were calculated from the calibrated values 
using Equations 9, 10 and 12 (Table 4). The ZB GaAs lattice constant differs from liter-
ature value [11] only by 0.015 %. The obtained WZ lattice constant value is 6.568875 
Å. The closest theoretical literature value is 6.851 Å obtained in [132]. However, the 
WZ and ZB segments induce strain into consecutive segments which brings the ZB and 
WZ peaks closer to each other. As most of the WZ phases are presumed to be in the 
NW tips the ZB peak is seen in its expected location, whereas the WZ peak is probably 
seen in too large angle. This means that the WZ lattice constant is probably larger than 
the calculated value. [123] 
Table 4. Results obtained from RSMs presented with corresponding literature values 
(Si(111), ZB GaAs [11] and WZ GaAs [130], [131]). 
Bragg peak Si(111) 
ZB 
GaAs(111) 
WZ 
GaAs(0002) 
Qy 0.25657 0.236034 0.234524 
dhkl (Å) 3.135589 3.263426 3.284438 
a (Å) 5.431 5.652419 6.568875 
a (Å), literature 5.431 5.65325 
6.4070 - 
6.67845 
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4.2.2 Room temperature photoluminescence 
The room temperature (RT) PL was measured from the core-shell NW samples A and B 
and the reference sample 1 using Accent RPM2000 PL mapper. The PL spectra are pre-
sented in Figure 34. The same settings are used for all the spectra except for the scan 
rate. The PL intensity depends linearly on the scan rate, so it can be corrected with a 
scaling factor. The scan rate was 140 pts/s for samples A and B and 1 pts/s for sample 1. 
The room temperature PL spectra shown in Figure 34 demonstrate clearly the necessity 
of AlGaAs passivation shell in order to suppress the nonradiative surface recombination 
in the NWs and obtain high PL intensities. This is in good agreement with previous 
studies, for example the carrier lifetime measurements presented in [8] and [103]. Fur-
thermore, different PL intensities are obtained for samples A and B with different pas-
sivation shell thicknesses. This shows that the 10 nm thickness of AlGaAs in sample B 
is not adequate in order to obtain highest possible PL intensities. This is also found in 
[133] and [103] where PL intensity increase was studied as a function of the AlGaAs 
passivation shell thickness. In prior the PL intensity was noticed to saturate when the 
thickness exceeds 20 nm, whereas the latter reports too thick (over 50 nm) AlGaAs lay-
ers to be detrimental for the NW emission properties. Despite of these results as thin as 
5 nm [1; 2] and 10 nm [2] AlGaAs passivation shells are widely used in NWs aiming 
for applications. 
 
 
Figure 34. Room temperature PL spectra of samples A, B and 1 are presented from 
highest to lowest intensity, respectively. The spectrum of sample 1 scaled up with a fac-
tor of 14000 in order to obtain visible peak. 
The PL spectra of core-shell NWs (samples A-B) were measured right after their growth 
and 15 months later in order to see the effect of aging on the photoluminescence intensi-
ty. The spectra were collected using wafer mapping as the PL intensities varied signifi-
cantly in different locations on the samples. The PL weakening presented in Table 5 is 
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assumed to be caused by oxygen diffusion into the AlGaAs passivation shell. Oxygen 
creates deep level traps in AlGaAs which forms a path for nonradiative recombination 
for carriers in the NW core if the oxygen diffuses adequately deep in the shell layer 
[134]. Furthermore, AlGaAs oxidation is detected in preliminary X-ray photoelectron 
spectroscopy conducted on these samples. The PL weakening is larger for sample A 
with thicker AlGaAs shell. This is probably due to strain relaxation the AlGaAs shell 
[103]. Based on the oxidation effect, the 5 nm GaAs cap which is commonly used in 
order to prevent the oxidation of AlGaAs shell in core-shell NWs [1; 2] is not thick 
enough in order to protect the NWs from oxidation of the AlGaAs shell for long time 
periods. In contrast to NW growths regular 2D structures where the topmost layer of the 
structure is AlGaAs are typically capped with at least 10 nm GaAs. Hence, thicker 
GaAs capping should be used for GaAs/AlGaAs/GaAs core-shell NWs if they are in-
tended to be used in any application. 
Table 5. Results from PL maps measured right after and 10 to 12 months after the 
growth. 
Sample 
AlGaAs shell 
thickness (nm) 
GaAs cap 
thickness (nm) 
Intensity weakening (%) 
A 25 5 20 
B 10 5 13 
4.2.3 Micro-photoluminescence of bare GaAs nanowires 
Spectral images of samples 2, 3 and 4 are presented in Figure 35 a), b) and c) respec-
tively. The images are taken in 5 K using pulsed 640 nm excitation laser with 300 µW 
power on 20 µm spot. The images are obtained using a 1024x256 pixel 2D CCD detec-
tor. As the light from the sample hits the monochromator grating the spectrum is spread 
over the x-axis of the image. Hence, the wavelength of the light is on the x-axis of the 
spectral images. The intensity of each wavelength is found on y-axis as a function of 
location. Hence the stripes seen in the spectral images are either single NWs or densely 
grown NW clusters. The tracks that are used for accumulating the spectra analyzed in 
this chapter are marked with dashed lines in Figure 39.  
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Figure 35. Spectral images of samples 2, 3 and 4 are presented in a) to c) respectively. 
Individual NWs are seen as different horizontal lines. The lines used in the measure-
ments are marked with dashed lines.  
The power dependent behavior of the PL spectra from samples 2-4 is presented in Fig-
ure 36. The spectra are obtained from the tracks marked in Figure 35. As the excitation 
power increases shorter wavelengths are emitted. The PL peak of sample 3 shifts from 
850 nm to 830 nm while the excitation power is increased from 0.3 µW to 3000 µW. 
These powers correspond to power densities 0.01 W/cm
2
 and 960 W/cm
2
. This blue 
shift is typical behavior for saturating localized defect emission, as observed for exam-
ple for donor-acceptor pair emission. [22] In the lower excitation powers small carrier 
concentrations are able to diffuse into the localized and discrete defect and interface 
states and recombine there. The peak shifts to higher energies as the density of the ex-
cited carriers increases, the localized states start to saturate and the higher bulk-like en-
ergy states are populated. Based on literature, the long wavelength emission at low 
power densities and emergence of bulk GaAs emission peak at around 816 nm [11] un-
der higher excitation power densities is observed for NWs that probably contain stack-
ing faults. [62; 107] According to [135] the broad peaks around 830-850 nm might be 
created as the spectra of individual WZ/ZB interfaces are summed. Hence, it could be 
deducted that there are WZ/ZB stacking faults along the whole length of the NWs in 
samples 2-4 as suspected based on the XRD measurements presented in chapter 4.2.1 of 
this thesis. However, the large amount of fine structure in spectra of sample 2 in Figure 
36 a) shows that also the droplet crystallization affects the spectra. In sample 2 the 
amount of WZ/ZB stacking is the most visible because the NW section formed during 
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the droplet crystallization is longer compared to the NW length than in sample 3. 
Hence, the fine structure observed in the long wavelength region using low excitation 
intensities probably originates from the WZ/ZB interfaces in the section of the NW 
formed during droplet crystallization. This observation is further supported by the sepa-
rate WZ peak which is observed in the triple-axis RSMs of samples 2 and 3 but not in 
the RSM of sample 4 as presented in the chapter 4.2.1 of this thesis. 
Another possible source of emission 830-850 nm range is unintended Si doping caused 
by Si solubility in the Ga droplet during the Ga wetting of the template. In the Ga wet-
ting temperature of 640 
o
C the solubility of Si in Ga is about 1 atomic percent [136]. 
Silicon doping causes emission in 835 nm in bulk GaAs (4.2 K) [137] . Furthermore, 
ZB NWs grown on GaAs(111) substrate are observed to emit in ZB GaAs wavelengths 
[16] whereas NWs  grown on Si(111) substrate exhibit a shoulder in their emission 
spectra in the same range as samples 2‒4 even with high excitation powers [86]. Based 
on these studies it seems probable that the emission dominating in higher excitation 
powers (837-840 nm in samples 2-4) is caused by unintended Si doping, whereas the 
low excitation power emission with fine structure in longer wavelengths is caused by 
stacking faults. However, possibility of carbon impurity [103; 105] cannot be excluded 
based on these measurements. 
Also the possibility of emission obtained from parasitic growth should be considered. 
From sample 1 PL was obtained only from very small spots scattered sparsely over the 
sample. This PL was attributed to larger mounds of parasitic growth because it was 
found scattered significantly more sparsely than NWs. The intensities obtained from 
these spots were extremely small. Furthermore, the depth resolution of the µ-PL system 
is very sharp (few hundred nm) meaning that the emission from the longer NWs is ob-
tained from areas above the substrate surface. Hence, it can be conducted that the con-
tribution of parasitic growth in the PL spectra of other samples is negligible. 
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Figure 36. Power dependent spectra of NW samples 2, 3 and 4 are presented in a) to c) 
respectively. The power densities range from 3 to 960 W/cm
2
 in a), 0.1 to 960 W/cm
2
 in 
b) and 0.1 to 96 W/cm
2
 in c). The insets in b) and c) show the low power spectra in or-
der to visualize the fine structure in the PL emission. 
The temperature dependent behavior of NWs is studied for samples 3 and 4 because 
detectable PL was obtained in relatively high (130 K) temperatures from these samples. 
Figure 37 shows typical temperature dependent behavior in samples 3 and 4 from the 
lines marked in Figure 35. The fine structure of the emission is not detectable as the 
excitation power was 300 µW (96 W/cm
2
) in order to obtain emission in higher temper-
atures. The most significant effect in the temperature dependent behavior is the change 
of the emission peak. Initially longer wavelength peak seen in the power dependent 
measurements dominates the PL but at 40 K a shoulder on the short wavelength side 
emerges. At 70 K this peak reaches the initial longer wavelength peak in terms of inten-
sity and eventually starts to dominate the emission. The short wavelength peak dominat-
ing in high temperatures is the bulk GaAs emission whereas the low temperature emis-
sion in longer wavelengths is probably caused by a combination of unintentional Si dop-
ing and stacking faults as discussed before. [135] In the higher temperatures the excited 
carriers have enough thermal energy to escape from the localized states and the emis-
sion is caused by free bulk GaAs excitons. This causes the change of emission peak and 
further confirms that the long wavelength peak dominating in low temperatures is 
caused by emission from localized states. 
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Figure 37. PL spectra of sample 3 and 4, in a) and b) respectively, are presented in 
temperatures between 5 and 130 K. Integrated PL intensity of samples 3 and 4 is pre-
sented in c) as a function of temperature. The PL peak positions of long and short wave-
length peaks are presented in d). 
The integrated PL intensity is presented in Figure 37 c) as a function of temperature. 
The integrated PL intensity of bulk GaAs quenches exponentially as a function of tem-
perature already in the lowest temperatures. However, in samples 3 and 4 the integrated 
PL intensity starts to quench in about 20 K and saturates in low values at 100 K. Similar 
behavior is typical for disordered systems, for example quantum wells, although the 
quenching and saturation typically occurs in higher temperatures. [106] The fast PL 
quenching is explained by the carrier diffusion to the surface states in the NWs. As the 
carriers have enough thermal energy to escape from the localized states they are able to 
diffuse to the NW surface where they recombine nonradiatively. 
The position of PL peak maxima for samples 3 and 4 are presented as a function of 
temperature in Figure 37 d). The long wavelength peak position is initially independent 
of temperature. In 40 K the peak blue shifts towards higher energies. In 70 K the peak 
energy starts to reduce. This is called S-shaped temperature dependence which is typical 
for disordered systems. [135] This further supports the presence of stacking faults, unin-
tentional Si doping or C impurities in the NWs. The short wavelength peak follows the 
temperature dependent Varshni-like behavior of bulk materials presented in chapter 
2.1.2 of this thesis [17]. This indicates that the short wavelength peak indeed is the bulk 
GaAs emission. 
800 820 840 860 880 900 920
0,01
0,1
1
N
o
rm
a
liz
e
d
 i
n
te
n
s
it
y
 (
a
.u
.)
Wavelength (nm)
5 K
120 K
800 820 840 860 880 900 920
0,1
1
 
 
N
o
rm
a
liz
e
d
 i
n
te
n
s
it
y
Wavelength (nm)
5 K
130 K
a) b)
 Sample 4, Bulk
 Sample 4, Impurity
 Sample 3, Bulk
 Sample 3, Impurity
 
0 20 40 60 80 100 120 140
1,475
1,480
1,485
1,490
1,495
1,500
1,505
1,510
1,515
P
L
 p
e
a
k
 p
o
s
it
io
n
 (
e
V
)
Temperature (K)
20 40 60 80 100 120 140
0,1
1
 
 
 Sample 4
 Sample 3
In
te
g
ra
te
d
 i
n
te
n
s
it
y
 (
a
.u
.)
Temperature (K)
c) d)
64 
4.2.4 Micro-photoluminescence of GaAs/AlGaAs core-shell 
nanowires 
Power and temperature dependent PL behavior of single GaAs/AlGaAs core-shell NW 
was measured. The NW from core-shell NW sample A was aligned horizontally on 
SiO2 substrate with a metallic 10x10 grid as presented in Figure 38. The sample was 
imaged using SEM in order to locate NWs aligned parallel to the grid. Further, the sam-
ple was aligned in the setup so that these NWs were parallel to the monochromator slit 
and the y-axis of the CCD detector. Power dependent PL measurement was conducted 
for a single NW and seen in Figure 38. Also several other NWs were excited in order to 
ensure that they exhibit similar behavior regarding lasing. 
 
Figure 38. SEM images show the studied NW a) and its alignment on the grid b) and c). 
The coordinates (7, 7) of the grid are marked as lines in the upper and the right edge of 
c). The dimensions marked in the NW in a) are 171 nm, 4.9 µm and 228 nm from top to 
bottom respectively. The narrower end of the NW is originally the bottom of the NW. 
The scale bars in b) and c) are 10 µm. 
The NW length was 4.9 µm, tip diameter 228 and bottom diameter 171 nm. The tem-
perature dependent µ-PL spectra of this NW are presented in Figure 40. They are accu-
mulated over the whole NW length presented in Figure 39.  
NW1
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Figure 39.The core-shell NW (length 4.9 µm) used in the µ-PL measurements is pre-
sented in a). In b) and c) spectral images of the NW with 10 µW and 7000 µW excitation 
powers, respectively. The Length scale is an estimation based on the spectral images 
and the NW length. 
The thermally induced PL-quenching is faster than for bare GaAs NWs. This is mainly 
caused by lower excitation intensity (30 µW). Also faster scan rates were used to pre-
vent the detector saturation in lowest temperatures. The scan rate was held constant in 
order to be able to compare the intensities. The Bulk GaAs peak is visible in 5 K and it 
starts to dominate already in 50 K. The long wavelength emission peak is found in 5-7 
nm smaller wavelengths than from bare GaAs NWs. The NW core is grown similarly to 
sample 4 although the droplets have been crystallized before the shell growth. Hence 
similar amount of Si and C impurities and stacking faults is expected in the NW core. 
Therefore, the differences in the spectra are probably caused by the AlGaAs passivation 
shell and the sample alignment. Even with lower excitation intensities the carrier con-
centration in the GaAs core is higher than in the bare NWs because nonradiative surface 
recombination is suppressed. Also the NW is excited through its whole length which 
induces more excited carriers than in the vertical alignment. The blue shift of long 
wavelength emission is probably caused by higher carrier concentrations which induce 
emission from higher energy states and hence the emission is blue shifted. [22] Howev-
er, the bulk GaAs emission is red shifted to 824 nm. This is partially caused by tensile 
strain which is induced to the NW core by the AlGaAs passivation shell. [8] The shift to 
824 nm fits well the 22 meV band bending presented in [103]. In addition to strain also 
surface state traps affect the red shift. 
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Figure 40. Temperature dependent PL-spectra of NW1 are presented from 5 to 110 K. 
The power dependent µ-PL spectra in Figure 41 are measured from the single core-shell 
NW, from the track marked in Figure 39 b). The track is recognized as the tip of the 
NW based on the sample orientation. The emission occurs on shorter wavelengths and 
the bulk GaAs emission starts to dominate with relatively low excitation power, namely 
30 µW. This is caused by increased carrier concentrations in the NW core as discussed 
above. A small interface peak in 850 nm can be seen from the lowest excitation power 
spectra. This and other long wavelength emission is probably caused by indirect WZ/ZB 
transitions. The small amount of emission in this range indicates that there is only a 
small amount of stacking faults in this NW which are probably formed during droplet 
crystallization before the shell growth.  
The photonic properties of the core-shell NW were investigated by measuring the PL at 
high power pulsed excitation. The NW PL spectra in Figure 41 b) show periodic modu-
lation in high power regime. This modulation is caused by consecutive longitudinal 
Fabry-Pérot modes in the NW. In case of lasing, one of these modes would emit with 
several orders of magnitude higher intensity as other modes would suppress. No lasing 
is observed which is probably caused by low confinement factor. The confinement fac-
tor describes the fraction of the beam in the active layer. The part of the beam outside 
this region does not participate in stimulated emission. According to [1] the confine-
ment factor for a NW with 200 nm diameter is approximately 0.35. The confinement 
factor increases with the NW diameter and lasing was observed in NWs with 340 nm 
diameter and confinement factor of 0.9 [1].  
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Figure 41. Power dependent µ-PL spectra of the core-shell NW are presented in a) and 
b) in low and high power regions. Notice the linear intensity scale in b). Dashed lines in 
b) mark three supported longitudinal modes calculated using free spectral range ob-
tained from the same data. 
The effective refractive group index ngroup of the NWs is calculated using the free spec-
tral range ΔνFSR of the Fabry-Pérot (FP) modes seen in the power dependent measure-
ments. The ΔνFSR for a laser cavity can be calculated using equation 
∆𝜈𝐹𝑆𝑅 =
𝑐
2𝐿𝑛𝑔𝑟𝑜𝑢𝑝
,         (14) 
where c is the speed of light in vacuum and L is the length of the resonant cavity. [1] 
When the effective refractive group index is known the possible wavelengths of the 
principal longitudinal laser cavity modes can be calculated by 
𝜆𝑘 =
2𝐿𝑂𝑃
𝑘
,          (15) 
where LOP is the optical length of the cavity and k is a positive integer describing how 
many half wavelengths of λk are present in the cavity. 
The free spectral range ΔνFSR of the cavity formed by the core-shell NW was 6.82 THz 
corresponding to 14.8 nm mode separation determined from the spectra in Figure 41. 
Using this value and Equation 14 the group refractive index ngroup of the NW was calcu-
lated to be 4.48 for the mode present in the NW. In [1] the ngroup of TE01 mode was 4.85 
for NWs with 360 nm diameter and ngroup values were smaller for narrower NWs. Hence 
the value seems reasonable. Using Equation 15 and value ngroup = 4.48 possible longitu-
dinal modes were calculated. The mode wavelengths are presented in Table 6. 
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 Table 6. Calculated λcal and the nearest measured λmeas wavelengths for different Fab-
ry-Pérot modes in the core-shell NW are presented as a function of the mode index k. 
k 82 83 84 85 86 87 88 89 
λcal (nm) 830.1 820.1 810.3 800.8 791.5 782.4 773.5 764.8 
λmeas (nm) 830 819 807 798 786 776 767 759 
In shorter wavelengths a 6 nm offset accumulates between the observed and calculated 
FP mode locations. This difference is probably caused by non-ideality of the cavity. 
Especially the NW tapering affects the modes. [138] Also the effect of imperfect NW 
end facets should be considered. 
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5. CONCLUSIONS 
The droplet epitaxy procedure was found to be rather challenging. Fortunately, suitable 
templates for NW growth on lithography-free oxides patterns were grown using droplet 
epitaxy. The successful samples grown in the 10-2 reactor did not reveal any certain 
pre-growth chemical treatment or substrate type that would have been better than others. 
Hence, the 10 s dip in 5 % aqueous HF was favored due to its simplicity. Also the p-
type Si(111) substrates without thermally grown oxide shall be used in the future unless 
n-type doping is required.  
The Si(111) surface of the used substrates was noticed to initially roughen in the 10-2 
reactor and  smoothen as the pre-growth annealing temperature was increased from 545 
to 655 
o
C. The cause of the surface roughness is very likely unintentional Sb exposure 
from the Sb cracker and possibly the other parts of the 10-2 reactor. Probably due to the 
Sb exposure, predictable droplet epitaxy growths were obtained only in the V90 reactor 
which was not equipped with Sb source. The effect and primary source of Sb could be 
tested by growing a series of droplet epitaxy samples in the 10-2 reactor with closed 
manual shutter in front of the Sb cracker needle valve. Another matter that requires fur-
ther investigations is the bimodal size distribution of the GaAs nanocrystals found in 
some of the droplet epitaxy samples. The formation of smaller GaAs nanocrystals could 
be prevented by crystallizing the Ga droplets in lower temperatures. Simultaneously, the 
possibility to obtain circular nanocrystals with small diameters could be tested by using 
smaller Ga coverages in these growths. Also the usage of a MBE reactor with no Sb 
source for the future droplet epitaxy growths on Si substrates is strongly advised. 
The NWs grown via self-catalyzed method on lithography-free oxide patterns resulted 
in NWs with good although not complete ZB phase purity based on HR-XRD and µ-PL 
characterization. Larger WZ segments were observed by XRD only in the GaAs NWs 
with crystallized Ga droplets. However, indications of stacking faults and other minor 
WZ segments were seen as broadening of the ZB peak also in the NWs with preserved 
catalyst droplets. Furthermore, fine structure arising from localized emission was seen 
in the µ-PL measurements of the NWs whether or not the droplets were crystallized. 
However, the fine structure emission was the most prominent in the NWs where largest 
proportion of the NW volume was formed by the droplet crystallization. 
The low temperature µ-PL spectra of the bare GaAs NWs were dominated by impurity 
related broad emission peak in 830-850 nm range. Possible sources of this emission are 
indirect recombination at WZ/ZB interfaces and localized recombination in stacking 
faults along with emission from carbon and silicon impurity sites. The presence of Si 
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impurity originating from the substrate will be confirmed as this could be a pathway 
into purely n-type Si doping in NWs which has been so far prevented by the amphoteric 
nature of Si causing p-type doping when it is incorporated to the NWs through the 
sidewalls [139]. On the other hand, in the unlikely situation where this emission was 
purely caused by stacking faults and polytypism, the presumably good phase purity of 
our NWs would be questionable. The NW structure will be further investigated by 
transmission electron microscopy (TEM). A reference for future XRD characterization 
of the NWs is obtained when the TEM results are combined with the ones presented 
above. 
The room temperature PL measurements of core-shell and bare GaAs NWs demonstrat-
ed well the necessity of the NW sidewall passivation in order to prevent nonradiative 
surface recombination. The 25 nm thickness of the AlGaAs passivation shell was found 
adequate. However, degradation of the PL intensity over a period of 15 months indicat-
ed that the 5 nm GaAs cap was too thin to completely prevent the oxidation of the Al-
GaAs passivation shell. This should be noted, when core-shell NWs are grown in the 
future by growing at least 10 nm thick GaAs cap around the NWs. Another possible 
cause for the PL weakening is the strain between the AlGaAs shell and the Si substrate 
[103]. The effect of the AlGaAs shell thickness on the sample aging should be studied 
along with the effect of GaAs cap thickness in order to obtain core-shell NWs that en-
dure aging induced both by oxidation and strain. 
The µ-PL measurement of a single GaAs/AlGaAs/GaAs core-shell NW demonstrated 
clearly formation of longitudinal Fabry-Pérot modes under high excitation powers. 
However, the modes were observed only at wavelengths shorter than GaAs band edge 
emission and seen only by band filling under high excitation intensities. This was inter-
preted to be caused by the small (200 nm) diameter of the NW which was not adequate 
to confine modes in the GaAs band edge emission wavelengths. Based on this, thicker 
core-shell NWs should be grown in order to obtain lasing. Also growing tapered NWs 
for lasing would be extremely interesting as single mode lasing could be obtained [138]. 
However, the novelty of obtaining lasing from GaAs/AlGaAs/GaAs is rather low. 
Hence, NWs with radial quantum wells would be more interesting subject to study. Also 
other material systems might be an interesting topic as the characterization methods 
suitable for basic NW material research presented in this work could be further exploit-
ed. 
All in all a lot of possibilities to obtain novel results based on our NWs is possible as 
presented above. Although, more work is required in order to fully understand the drop-
let epitaxy process in order to provide steady supply of templates for the NW growth. 
Also a lot was learnt about the versatile NW characterization method possibilities and 
their feasibility here at ORC.  
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